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Summary 

In recent years, for reasons of improved passenger comfort and safety, the weight of 
passenger cars has continuously increased. Since a weight increase of passenger cars leads to 
increased fuel consumption and more greenhouse gas emissions, the weight increase resulting 
from comfort and safety improvements has to be compensated by weight reductions. Despite 
the strong competition from alternative lightweight materials to realize this objective, sheet 
steel remains the material of choice for car body manufacturing. 

Among the Advanced High Strength Steels, Dual Phase (DP), TRIP, Complex Phase (CP) 
and Martensitic steels are the most important ones. The material on which this work focuses 
is the TRIP steel which has both superior strength and formability properties. The high 
uniform elongation of TRIP steel results from the TRansformation Induced Plasticity effect. 
The microstructure of TRIP steel consists of ferrite, bainite, retained austenite and possibly 
some martensite. When a tensile stress is applied to the steel, e.g. during tensile testing, 
deformation of car components or in a crash situation, the retained austenite in the strain 
concentration region will transform to martensite. Since the carbon hardening is much higher 
for the martensite than for the austenite phase and the volume expansion due to this 
transformation results in plastic deformation and work hardening of the surrounding ferrite, a 
localized strengthening is obtained. These effects postpone further deformation in this area 
and move the martensitic transformation to neighbouring areas, leading to a delay in the 
onset of macroscopic necking and consequently, to higher values of uniform and total 
elongation. 

The present work is a detailed analysis of the physical metallurgy of a new cold rolled TRIP 
steel based on the CMnSiAlP alloy concept, which was based on the following elements: 

� The partial replacement of Si by a limited amount of Al. 

� The optimization of the mechanical properties with P additions; Al alloying leads to lower 
Si contents, which makes the steel galvanizable by hot dipping. P is the element of choice in 
order to limit the use of Al, if the full replacement of Si is restricted. P suppresses the 
formation of cementite. It is also a very effective solid solution hardening element and, in the 
presence of a low Si content, it has been shown to increase the amount of retained austenite. 
P also significantly increases the C activity coefficient in ferrite. The reported negative 
effects of P alloying to TRIP steel, such e.g. the formation of Fe3P, only occur at excessively 
high P contents, i.e. for P contents > 0.25 m%. 

� Only small amounts of P are required (0.05-0.1 m%) to achieve significant improvements. 

The addition of phosphorous resulted in higher amounts of retained austenite, which stayed 
stable for longer austempering times, compared to the non P-alloyed TRIP steel. It was found 
that Si and P had a synergetic effect. The addition of 1 m% of Si resulted in an increase in 
tensile strength which was five times larger reported in the literature, namely 420 instead of 
80 MPa.  
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A minimum amount of 0.4 - 0.5 m% of Si or 0.9 m% of Al was necessary to obtain a TRIP 
steel microstructure with robust amounts of retained austenite, i.e. which were not much 
influenced by changes in processing temperatures and times. A significant influence of the 
chemical composition and the heat treatment on the location and the morphology of the 
retained austenite could not be detected. Aluminium is known to improve the galvanizability 
of the TRIP material. In addition, replacing Si by Al increased the total elongation but 
lowered the tensile strength. It was shown that P-additions could result in TRIP steels with a 
tensile strength higher than 780 MPa, a yield strength between 440 and 560 MPa, a total 
elongation of at least 22 % and a strain-hardening or n-value of 0.18 for a strain range 
between 10 % and the uniform strain. The addition of phosphorus makes it possible to lower 
the carbon content, thereby increasing the weldability, and lowering the Si and Al content to 
a further improvement of the coatability and a decrease of the risk of casting problems of 
those TRIP steels, respectively. 

A detailed Transmission Electron Microscopy (TEM) analyses on the CMnSiAlP TRIP steel 
was carried out. The polygonal ferrite phase has a very low dislocation density and was found 
to contain minor amounts of cementite. Those carbides are residues from the pearlite phase, 
which was not completely dissolved during the intercritical annealing. The bainitic ferrite 
laths, with a very high dislocation density, was found to contain low temperature transition 
carbides. There seems to be very little misorientation between the bainitic ferrite laths. Those 
laths cross the entire width of the original intercritical austenite grains. Two types of carbides 

were found. The cementite θ carbide is due to the undissolved pearlite phase, while the Hägg 

χ carbides appear during the ageing of the bainite. The retained austenite phase has a low 
dislocation density and has a characteristic “blocky” shape. No evidence for film-like 
retained austenite at bainite lath interfaces was found. The bainite – retained austenite phase 
boundary is often facetted. 

In addition, OIM® scans with step sizes of 0.05 to 0.20 µm were carried out on an ESEM 
equipped with a LaB6-filament on intercritically annealed samples. Different orientation 
relationships were considered during the study of the crystallographic features of the 
transformation of austenite into ferrite, bainite or martensite. In the present work, the 
Kurdjumov-Sachs, Nishiyama-Wassermann and Pitsch orientation relationship were used to 

study the γ-α phase transformation in P-TRIP steels. There was a dominance of the 
Kurdjumov-Sachs orientation relationship between the ferritic phases and the retained 
austenite. There were no signs of variant selection in the present case. 

The most important parameter controlling the mechanical properties of TRIP steels is the 
thermodynamic stability of the retained austenite. The stability of homogeneous austenite 

against strain-induced transformation can be characterized by a single parameter, the MS
σ

temperature, in much the same manner as the MS temperature, which is used to characterize 
the stability of austenite against transformation on cooling. 

It was shown that the Single Specimen – Temperature Variable – Tensile Test (SS-TV-TT) 

technique is a suitable method to determine the MS
σ temperature for TRIP steels. A minimum 

amount of retained austenite of 8 % in the microstructure was necessary to determine the MS
σ

temperature using the SS-TV-TT technique. Low amounts of retained austenite or small 
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austenite island sizes resulted in a continuous stress-strain curve over the whole temperature 

range studied and no MS
σ temperature could be determined in this case. The MS

σ temperature 
was approximately 10 ± 5 °C for the different TRIP steels. In addition, the low Md30

temperature of the retained austenite in CMnSiAlP type TRIP steels is evidence for the 
increased stability of this phase. 

The transformation kinetics were investigated for the CMnSiAlP type TRIP steels and 
compared with other TRIP steels. The transformation rate was shown to decrease with 

increasing temperature due to a decreasing driving force ΔGγ→α’. The CMnSiAlP TRIP steel 

had the lowest α values at all temperatures, which implies that the intrinsic stacking fault 

energy is lowered by P additions. The β parameter is the highest of the different TRIP steels; 

so the formation of α’ martensite nuclei is favoured. 

In order to study the retained austenite phase and the austenite – martensite transformation in 
TRIP steels the properties of a 1.8 m% C – 1.5 m% Si – 1.5 m% Mn model steel were 
studied. The material was quenched in liquid nitrogen and aged. Detailed neutron diffraction 
measurements were performed to study the aging processes including martensite tempering 
and carbide formation. 

Quenching in liquid nitrogen of the metastable austenite phase resulted in the formation of 
30 vol% martensite. The lattice parameter of the austenite phase decreased significantly due 
to the compressive stress as a result from the austenite to martensite transformation, which is 
accompanied by a volume change. Ageing the athermal martensite led to the decomposition 

of martensite and the formation of η carbides. As a consequence, after ageing, the austenite 
lattice parameter increased to its original value. Compressive deformation led to the 
formation of strain-induced martensite with a low c/a ratio. The carbon atoms are distributed 
over the octahedral and tetrahedral interstices in the strain-induced martensite lattice. Ageing 
at 170 °C is sufficient to make carbon atoms in tetrahedral interstices move to the octahedral 
interstices. Ageing at higher temperature leads to the decomposition of the martensite. 

Measurements of the (200)γ and (111)γ diffraction peak shifts in the deformed material were a 
clear indication of the fact that the high C retained austenite has a low stacking fault energy.

The ageing of freshly formed athermal martensite at 400 °C leads to the formation of bainite 
while an ageing at a lower temperature of 170 °C transforms the athermal martensite into a 
cubic martensite without formation of bainite. The formation of carbides could be observed 

during the ageing of the athermal martensite. First, η carbides are formed and after longer 

ageing times at 400 °C those η carbides transform mainly in χ carbides. The formation of χ
carbides was also be confirmed by TEM analysis, although it cannot be excluded that minor 

amounts of θ carbides were formed. The formation of η and χ carbides was additionally 
shown by dilatometry and differential scanning calorimetry measurements. The temperature 
region where the carbide formation is visible is somewhat lower in temperature as for the 
neutron diffraction measurements. 
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Samenvatting 

Om de veiligheid en het comfort van de passagiers te verbeteren nam het gewicht van een 
voertuig de voorbije decennia steeds toe. Deze toename leidt tot een verhoging van het 
brandstofverbruik en de hiermee gepaard gaande stijging van de uitstoot van schadelijke 
gassen. Om dit te vermijden, moet men het gewicht van o.a. de carrosserie verminderen door 
alternatieve lichtgewicht materialen, bv. aluminium, te gebruiken. Tot op heden wordt nog 
altijd staalplaat als het meest competitieve materiaal aangewend in de automobielindustrie. 

Binnen de Advanced High Strength Steels zijn Dual Phase (DP), TRIP, Complex Phase (CP) 
en Martensitische stalen de belangrijkste. In dit werk wordt aandacht besteed aan TRIP stalen 
die een hoge sterkte combineren met goede vervormbaarheid. De hoge uniforme verlenging 
die bereikt wordt, is te verklaren door het TRansformation Induced Plasticity effect, ofwel 
transformatie geïnduceerde plasticiteit. De microstructuur van TRIP stalen bestaat uit ferriet, 
bainiet, restausteniet en een zeer beperkte hoeveelheid martensiet. Wanneer een trekspanning 
wordt aangebracht op het materiaal, bv. tijdens een trekproef of bij vervorming van 
kreukelzones in een auto tijdens een aanrijding, zal het restausteniet transformeren tot 
martensiet. De versteviging door koolstof is veel groter in het martensiet dan in het 
oorspronkelijke restausteniet en bovendien resulteert deze transformatie in een volume-
expansie waardoor er plastische vervorming en rekversteviging optreedt in het omringende 
ferriet. Hierdoor zal een gelokaliseerde versteviging optreden. Deze effecten stellen de 
verdere vervorming in deze zone uit en de martensitische transformatie zal verdergaan in 
naburige restausteniet-eilanden. Dit leidt tot een vertraging van het insnoeren van het 
materiaal waardoor hogere waarden van uniforme en totale verlenging bekomen worden. 

Dit werk is een gedetailleerde studie van de fysische metallurgie van een nieuwe 
koudgewalste TRIP staalsoort gebaseerd op het CMnSiAlP concept dat voortvloeit uit 
volgende elementen: 

� De gedeeltelijke vervanging van Si door een gelimiteerde hoeveelheid Al. 

� De optimalisering van de eigenschappen door toevoegen van P; legeren met Al leidt tot 
lager Si gehalte, wat het dompelverzinken ten goede komt. P is het geschikte element om de 
toevoeging van Al te beperken wanneer niet alle Si vervangen kan worden. P onderdrukt de 
vorming van cementiet. Het is ook een zeer efficiënte vaste oplossingsversteviger en in de 
aanwezigheid van een kleine hoeveelheid Si zal het de hoeveelheid restausteniet gunstig 
beïnvloeden. P doet de activiteitscoëfficiënt van ferriet tevens stijgen. De gerapporteerde 
negatieve effecten van P toevoeging in TRIP stalen, zoals bv. de vorming van Fe3P, duiken 
enkel op bij zeer hoge gehaltes aan P ( > 0.25 m%).

� Enkel beperkte hoeveelheden P zijn noodzakelijk (0.05-0.1 m%) om significante 
verbeteringen in de mechanische eigenschappen te bereiken. 

Het toevoegen van fosfor resulteert in een grotere hoeveelheid restausteniet die stabiel blijft 
gedurende lange gloeitijden vergeleken met niet fosfor-gelegeerde TRIP stalen. Het werd 
bewezen dat Si in combinatie met P een synergetisch effect heeft. Toevoegen van 1 m% Si 
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resulteerde in een verhoging van de treksterkte met 420 MPa wat vijf keer meer is dan in de 
literatuur vermeld wordt, nl. 80 MPa. 

Om een robuust TRIP staal te bekomen waarbij variatie in de transformatietemperaturen en 
-tijden niet leidt tot een verandering in de hoeveelheid restausteniet, moet er minimaal 
0.4-0.5 m% Si of 0.9 m% Al aanwezig zijn. De morfologie van de restaustenieteilanden werd 
nagenoeg niet beïnvloed door de chemische samenstelling of de gloeibehandeling. De 
gedeeltelijke vervanging van Si door Al leidt niet enkel tot een verhoging van de 
verzinkbaarheid maar ook tot een verhoging van de totale rek, weliswaar met een daling van 
de treksterkte. Er werd bewezen dat het toevoegen van P resulteert in een TRIP staal met een 
treksterkte van 780 MPa, een vloeigrens tussen 440 en 560 MPa, een totale verlenging van 
tenminste 22 % en een rekversteviging of n-waarde van 0.18 berekend tussen 10 % 
verlenging en uniforme rek. Het toevoegen van fosfor maakt het mogelijk om het 
koolstofgehalte naar beneden te halen, waardoor de lasbaarheid verbetert, en het Si en Al 
gehalte verder te doen dalen om alzo de verzinkbaarheid te verbeteren en gietproblemen te 
verminderen. 

Uit het Transmissie Elektronen Microscopisch onderzoek was duidelijk dat het polygonale 
ferriet een lage dislocatiedensiteit had en dat er enkele cementietprecipitaten in aanwezig 
kunnen zijn. Deze carbiden zijn afkomstig van het niet volledig opgeloste perliet. De 
bainietlatten, die gekenmerkt worden een hoge dislocatiedensiteit kunnen laag-temperatuurs-
carbiden bevatten. De bainietlatten situeren zich over de ganse interkritische austenietkorrel 
en er is slechts een kleine misorientatie tussen de latten onderling. Twee types carbiden 

werden gevonden, nl. cementiet (θ), afkomstig van het perliet, en Hägg (χ) carbide dat 
gevormd wordt tijdens de bainitische transformatie. De restaustenietfase is herkenbaar aan 
het blokvormige voorkomen en een lage dislocatiedensiteit. Er werd geen indicatie gevonden 
voor het voorkomen van filmvormig restausteniet tussen de bainietlatten. De bainiet – 
restausteniet fasegrenzen zijn vaak gefacetteerd. 

Daarnaast werden er OIM® metingen met een stapgrootte van 0.05 tot 0.20 µm uitgevoerd op 
gegloeide monsters met een ESEM uitgerust met een LaB6-filament. Verscheidene 
kristallografische oriëntatierelaties werden in beschouwing genomen bij de studie van de 
eigenschappen van de transformatie van austeniet naar ferriet en bainiet. In dit werk worden 

de Kurdjumov-Sachs, Nishiyama-Wassermann en Pitsch oriëntatierelaties gebruikt om de γ-α
fasetransformatie te bestuderen. Er werd aangetoond dat de Kurdjumov-Sachs oriëntatie-
relatie domineert en dat er geen aanwijzingen zijn voor variantselectie. Er moet wel op 
gewezen worden dat deze besluiten met de nodige omzichtigheid moeten behandeld worden. 

De thermodynamische stabiliteit van het restausteniet is de belangrijkste parameter die de 
mechanische eigenschappen van TRIP staal beïnvloedt. De stabiliteit van restausteniet inzake 

een rekgeïnduceerde transformatie kan gekarakteriseerd worden door de MS
σ temperatuur die 

net zoals de MS temperatuur de stabiliteit van restausteniet in het geval van onderkoeling 
weergeeft. 

Er werd aangetoond dat de Single Specimen – Temperature Variable – Tensile Test 

(SS-TV-TT) techniek een gepaste methode is om de MS
σ temperatuur van TRIP stalen te 

meten. Hierbij was er een minimale hoeveelheid restausteniet van 8 % nodig. Kleine 
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hoeveelheden restausteniet of zeer kleine restaustenieteilanden resulteren in een continue 

trekcurve over het ganse temperatuursgebied waardoor er geen MS
σ temperatuur kan bepaald 

worden. De MS
σ temperatuur werd bepaald op 10 ± 5 °C voor de verschillende TRIP stalen. 

De transformatiekinetiek van het CMnSiAlP TRIP staal werd vergeleken met andere TRIP 
stalen. Bij stijgende temperatuur daalt de transformatiesnelheid te wijten aan een dalen van 

de drijvende kracht ΔGγ→α’. Het CMnSiAlP TRIP staal had de laagste α waarde bij alle 
geteste temperaturen, wat erop wijst dat de intrinsieke stapelfoutenergie daalt door 

toevoeging van P. De β parameter is het hoogst voor het CMnSiAlP TRIP staal wat wil 

zeggen dat de vorming van α’ martensietnucleï bevorderd wordt. 

De restausteniet naar martensiet transformatie in TRIP stalen werd bestudeerd aan de hand 
van een 1.8 m% C – 1.5 m% Si – 1.5 m% Mn staal. Het materiaal werd in vloeibare stikstof 
onderkoeld en verouderd. Gedetailleerde neutronendiffractie proeven werden uitgevoerd om 
het verouderingsproces, inclusief de martensiettempering en de carbidevorming, te 
bestuderen. 

Onderkoelen van het metastabiele austeniet in vloeibare stikstof resulteerde in de vorming 
van 30 vol% martensiet. De roosterparameter van de austenietfase daalde significant omdat 
er drukspanningen optreden in het austeniet bij de austeniet naar martensiettransformatie. 
Verouderen van het thermisch martensiet leidt tot de desintegratie van het martensiet en de 

vorming van η carbiden. Na gloeien stijgt de austenietroosterparameter opnieuw tot zijn 
originele waarde. Drukvervorming resulteert in de vorming van rekgeïnduceerde martensiet 
met een lage c/a verhouding. De koolstofatomen worden verdeeld over de octaëdrische en 
tetraëdische holtes in het rekgeïnduceerde martensiet. Bij 170 °C worden de koolstofatomen 
voldoende mobiel om van de tetraëdische naar de octaëdrische holtes te migreren. Gloeien bij 
hogere temperatuur leidt weerom tot de desintegratie van het martensiet. De verschuivingen 

van de (200)γ and (111)γ diffractiepieken in het vervormde materiaal zijn een aanwijzing voor 
het feit dat het hoogkoolstof restausteniet een lage stapelfoutenergie heeft. 

Het verouderen van pas gevormd thermisch martensiet bij 400 °C leidt tot de vorming van 
bainiet terwijl gloeien bij 170 °C resulteert in de transformatie van thermisch martensiet tot 
kubisch martensiet zonder de vorming van bainiet. Tijdens dit gloeiproces werd ook de 

vorming van carbiden waargenomen. Eerst worden η carbiden gevormd en na langer gloeien 

bij 400 °C transformeren deze η carbiden in χ carbiden. De vorming van χ carbiden werd 
ook aangetoond met behulp van TEM analyse. Het is evenwel niet mogelijk de vorming van 

een kleine hoeveelheid θ carbiden uit te sluiten. De vorming van η en χ carbiden kon 
eveneens aangetoond worden aan de hand van dilatometrie en Differential Scanning 
Calorimetry (DSC) metingen. Het temperatuursgebied waarbij de vorming van carbiden 
zichtbaar was, is iets lager dan bij de neutronendiffractieproeven bepaald werd. 
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I  Chapter I: Introduction 

CHAPTER I 

Introduction 

I.1 Application of advanced high strength steels in car body design 

In recent years, for reasons of improved passenger comfort and safety, the weight of passenger 
cars has continuously increased. Since a weight increase of passenger cars leads to increased 
fuel consumption and more greenhouse gas emissions, the weight increase resulting from 
comfort and safety improvements has to be compensated by weight reductions. Despite the 
strong competition from alternative lightweight materials to realize this objective, sheet steel 
remains the material of choice for car body manufacturing. In comparison to its most 
important competitor in automotive body design, Al alloys, steel has some inherent physical 
properties giving it a major advantage for use in automotive body construction1: 

� Elastic modulus: although the density of steel (7.65 g/cm³) is about three times as high as 
the density of Al alloys (2.72 g/cm³), its far higher elastic modulus, 210 GPa compared to 
70 GPa for Al, allows for the use of thinner gauge sheet material that results in light structures 
with a high rigidity in bending and torsion. This strongly limits the weight reduction potential 
of Al alloys, since automotive Al alloy sheet has a much larger thickness than sheet steel to 
obtain similar strength levels. 

� Fatigue: The aluminium fatigue performance is less than half that of steel at comparable 
strength levels.

� Formability: The formability of Al alloys is approximately 2/3 of that of steel (less 
forming range). The excellent formability of sheet steel is greatly appreciated for car body 
styling: it meets high demands in terms of car body design freedom and thus leads to a large 
variety of visual appearances for cars.

� Hardness: The lower hardness of aluminium results in less stone chipping resistance of 
the paint layers and the surface quality of an aluminium car body cannot be maintained easily 
over a vehicle’s lifecycle.

� Thermal conductivity: Since the thermal conductivity of steel is about ¼ of that of 
aluminium, welding of steel takes less energy. The optimal localization of the energy results 
in better weld nuggets in resistance spot-welding.

� Ferromagnetism: Steel is ferromagnetic, aluminium is paramagnetic. This is very relevant 
in scrap metal recycling. Magnetic separation is the most commonly used separation 
technique. Steel is extremely efficiently extracted from scrap, but the aluminium scrap will 
contain many residual materials (polymers, glass, adhesive, ceramics, etc.).
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� High strain rate performance: Steel has a positive strain rate performance, i.e. at higher 
strain rates steel has higher strengths and consequently higher absorption energy. Aluminium 
is not strain rate sensitive, and is therefore not the optimal material for crash sensitive 
members.

� Cost: Steel still offers the lowest cost both in manufacturing and when the cost of the use 
and repair to car bodies is considered.

Various types of high strength sheet steel have been and are currently being developed with 
specifically the weight reduction of passenger cars in mind. A schematic showing the current 
strengthening mechanisms available in sheet steel is shown in Figure I-1. These strengthening 
mechanisms are solid solution hardening, precipitation hardening, structure hardening or a 
combination of the previous. 

α α
α

Solid solution hardening

Precipitation hardening

Structure hardening

α
α

: Nb(C,N)
: small grain size

α α
α

: P, Si, Mn

: α: α: α: α’, ααααB, γγγγret

HS ELC, IF + BH

α α
α

DP

TRIP

UHS

Hybrids
CP, TADP, DPH, ...

Soft αααα-ferrite
IF
ELC

dαααα

dαααα

Figure I-1: Strengthening mechanisms in low-alloy automotive sheet grades.

However, while the increase in strength of the more conventional high strength steel, such as 
solid solution strengthened CMn steel and precipitation strengthened HSLA steel, is 
automatically accompanied by a linear decrease in elongation properties, the newly developed 
Advanced High Strength Steels (AHSS) are able to improve on strength without much loss in 
elongation or in sheet deep drawing potential (Figure I-2). In fact these steels are characterized 
by superior strain hardening properties and large uniform elongations. Both properties make 
these steels highly attractive for the automotive industry, in particular in stretch forming 
applications and in high energy impact situations, where the energy absorbing capacity is 
particularly important for safety considerations. 
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Figure I-2: Elongation vs. tensile strength diagram for a variety of sheet steel materials. Note the clear 
advantage of the DP and TRIP steel, which combine higher formability and high strength.

Among the Advanced High Strength Steels, Dual Phase (DP), TRIP, Complex Phase (CP) and 
Martensitic steels are the most important ones. DP steel consists of a dispersion of martensitic 
islands in a ferrite matrix. DP steel combines a low yield strength, due to the soft dislocation 
rich ferrite matrix, with high values of tensile strength as a result of the hard second phase. 
TRIP steel has both superior strength and formability properties as a result of the 
transformation of a small volume fraction of metastable austenite to martensite during 
deformation. Complex phase steel consists in a very fine microstructure of ferrite and a higher 
volume fraction of hard phases that are further strengthened by fine precipitates. Many of the 
same alloy elements found in DP and TRIP steel are used in CP steels, and additional small 
quantities of niobium, titanium and/or vanadium are used to form fine strengthening 
precipitates. In martensitic steels, the austenite that exists during hot rolling or annealing is 
almost entirely transformed to martensite during quenching on the hot rolling mill run-out 
table or in the fast cooling section of the annealing line. The structure can also be developed 
by press-hardening, a combined forming and heat treatment process. Martensitic steels are 
often subjected to post-quench tempering to improve ductility. They still provide an adequate 
formability despite their extreme high strength. 

The Ultra Light Steel Auto Body (ULSAB) project2, which grouped 32 steel companies in a 
Body-In-White design project managed by Porsche Engineering, proved the feasibility of BIW 
weight reduction down to 205 kg, a weight reduction of 20%, combined with manufacturing 
cost savings of about 10%. In addition, the ULSAB BIW design had improved passenger 
safety and comfort (i.e. first BIW mode from 40Hz to 51Hz). The results of the project clearly 
proved that a combination of new design, better manufacturing techniques and the use of high 
strength steels could be used effectively to address the lightweight metals challenge in car 
body. 

The key aspects of the choice of steel grades within the ULSAB project were the following: 

� New manufacturing technologies: in particular laser welding, for the manufacture of LWB 
(Laser Welded Blanks), and tube hydro-forming. 
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� High strength steels: 90% of the steel sheet material had a yield strength in the range of 
210-420 MPa, 2.5% was ultra high strength steel with yield strengths >550 MPa. The pre-90s 
use of high strength steel was typically in the range of 20-40%. 

� Intensive use of Zn coated sheet necessary to guarantee the perforation corrosion 
resistance, and hence the long-term safety demands resulting from the increased use of high 
strength thinner gauge sheet material. The ULSAB BIW design has 33% of the sheet material 
with a thickness of 0.7 mm or less. 

The ULSAB-AVC (Advanced Vehicle Concepts) program focused on the development of 
steel applications and advanced vehicle concepts to achieve a more efficient use of steel and 
to provide in addition the following improvements: 

� Compatibility with the 2004 crash safety requirements; 

� Significantly improved fuel efficiency; 

� Optimized environmental performance regarding emissions, source reduction and 
recycling; 

� High volume manufacturability at affordable cost. 

This program has led to a further increase in the use of advanced high strength steel. About 
75% of the steel sheet material is Dual Phase steel (Figure I-3). 
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Figure I-3: Comparison of car body steel use between the ULSAB and ULSAB-AVC concepts. 

The use of TRIP steel in the car body design was limited to 0.65 mm thin gauge stamped 
material used for the floor front. An overview of the different grades and the parts they are 
made in is being given by Figure I-4. 
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Figure I-4: Overview of the parts and the steel grades they are made in, constituting the BIW. 

The use of TRIP steel in the ULSAB-AVC design is limited to 4 m% of the total mass of the 
BIW. Current tendencies in the actual use of TRIP steel are based on the profit gained from its 
superior formability and proven crash safety properties. 

The critical issues, which are currently still being addressed both by the steel industry and 
university research laboratories, are the following: 

� The physical metallurgy of the complex phase steels: Within this topic one must make the 
distinction between two specific research trends: (a) an evolution away from the standard DP 
and TRIP composition and processing philosophies towards concepts that are better suited for 
the large scale production of optimized flat rolled high strength formable sheet products, and 
(b) the development of grades that are neither purely DP or TRIP, but are at best described by 
low-alloy TRIP complex phase steels. 

� The precise description of the mechanisms involved in the deformation of DP and TRIP 
steel: This requires the understanding of the deformation of each separate phase both 
independently and in the presence of the other phases in the microstructure. 

� The continuous galvanizability of DP and TRIP steels is a subject of considerable 
economic importance as the use of thin gauge DP or TRIP sheet in automotive application 
will require their galvanizability by means of current continuous hot dipping or 
electro-plating. 

I.2 TRansformation Induced Plasticity 

The original observation of TRansformation Induced Plasticity (TRIP) in highly alloyed 
homogeneous metastable austenitic steels by Wassermann3 and Zackay et al.4 was used by 
researchers at Nippon Steel Corporation to show that austenite stabilization also occurred 
during an isothermal bainitic transformation, a process often referred to as “austempering”, 

which followed the intercritical α + γ annealing of low alloy Si bearing medium-C (0.12%-
0.55%) CMn steels5, 6, 7, 8, 9, 10, 11, 12, 13, 14, 15, 16. In this new class of low alloy TRIP steels the 
retained austenite is present as a dispersed phase.
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The high uniform elongation of TRIP steel results from the TRansformation Induced Plasticity 
effect (Figure I-5). The microstructure of TRIP steel consists of ferrite, bainite, retained 
austenite and possibly some martensite. When a tensile stress is applied to the steel, e.g. 
during tensile testing, deformation of car components or in a crash situation, the retained 
austenite in the strain concentration region will transform to martensite. Since the C hardening 
is much higher for the martensite than for the austenite phase and the volume expansion due 
to this transformation results in plastic deformation and work hardening of the surrounding 
ferrite, a localized strengthening is obtained. These effects postpone further deformation in 
this area and move the martensitic transformation to neighbouring areas, leading to a delay in 
the onset of macroscopic necking and consequently, to higher values of uniform and total 
elongation. It is suggested by many authors that in order to obtain an optimal benefit of this 
effect on the mechanical properties, the amount of retained austenite at room temperature 
should be in the range 8-15 %17, 18, 19. 

Martensite
αααα’

retained austenite
γγγγret

•Ms-Md adjusted to have Ms
σσσσ~RT

•Strain induced transformation:
- Uniform elongation higher
- Increased strength

Figure I-5: Schematic representation of the TRIP effect: a) the tensile stress is applied, b) the retained 
austenite transforms to martensite at strain concentration region, c) the martensitic transformation 

occurs in neighbouring areas in sequence to disperse strain20. 

In fact, equally important to the amount of retained austenite is its stability, which also 
constitutes the base of the TRIP phenomenon. The “stability” of retained austenite in low 
alloy multi-phase TRIP steel is often mentioned in the literature, but it is never clearly 
defined: does it e.g. refer to the Ms temperature being low enough or is the Md temperature a 
better measure of stability? It is probably better to focus on an “optimal stability”, which 
should necessarily be related to the automotive BIW applications in the present case. This 
optimal stability could be defined as follows: The optimal retained austenite for safety related 

automotive TRIP sheet steel should have its Ms
σ temperature lower than the ambient 

temperature and an Md temperature close to the maximum temperature reached in the BIW 
crush zone during collisions. This optimal retained austenite stability is controlled by the C 
content, the size of the austenite particles, the stress state and the strength of the retained 
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austenite21. In terms of transformation plasticity of TRIP steels, three temperature ranges are 
of importance (Figure I-6):  

αααα

γγγγαααα ’

σ σ σ σ τ τ τ τ 

ααααb

σσσσ

σσσσ

αααα

γγγγ

ααααb

σσσσ

σσσσ

αααα ’

αααα

γγγγ

ααααb

σσσσ

σσσσ

Ms Ms
σσσσ Md

Figure I-6: Schematic illustrating the dominant deformation mechanisms in different temperature 
ranges in the retained austenite in TRIP steel: (from left to right) stress-induced plasticity, strain 

induced plasticity and dislocation glide plasticity. 

� Ms – Ms
σ range: Yielding of the austenite is by stress-induced transformation of austenite 

to martensite at pre-existing nucleation sites. At Ms
σ the stress needed to initiate the 

martensitic transformation of the retained austenite equals the yield strength of the parent γ
phase. Below this temperature the retained austenite transforms to martensite via pre-existing 
nucleation sites. As the temperature is increased, the stress needed for the martensitic 
transformation increases since the chemical driving force decreases. 

� Ms
σ - Md range: Above the Ms

σ temperature, the austenite is strained. The martensite is 
now predominantly nucleated at new nucleation sites produced by slip. Note that this 
martensite is not of the high C plate type and will not have the brittleness associated with plate 
type martensite. Yielding of the austenite is by glide. The transformation is mainly strain 
induced. Additional nucleation occurs at the intersection of strain induced deformation bands. 

� T > Md: The Md temperature is the temperature above which no martensite transformation 
occurs. The higher temperature results in a higher stacking fault energy and a lower driving 
force for transformation; no transformation occurs as a result of straining. 

The stability of the austenite depends both on the mechanical and the chemical driving force 
for transformation to martensite. These driving forces depend on a number of factors, such as 
stress state, chemical composition, size and morphology of the retained austenite, strength of 
the retained austenite and strength of the surrounding phases: 
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� The martensitic transformation is associated with a volume increase. A hydrostatic 
pressure stress state has been found to decrease the Ms temperature by about 10 °C per 100 
MPa, consequently contributing to the stabilization of the retained austenite22, 23. 

� The chemical composition of the TRIP steel in general and of the retained austenite in 
particular is very important in determining its stability. In fact, the presence of a sufficient 
amount of austenite stabilizing elements, especially C, together with an appropriate thermal 
treatment are essential in obtaining a sufficient amount of retained austenite at room 
temperature. 

� Size and morphology of the retained austenite particles have a pronounced effect on their 
stability. Chen et al.24 and Nishiyama22 have reported that austenite grains with a small grain 

size have a higher stability than large γ grains. Furthermore, Sugimoto et al.25 have reported 
higher austenite stabilities for film-shaped particles compared to isolated particles in a second 
phase network. Figure I-7 shows the influence of both composition and austenite grain size on 
the MS temperature. It shows that adequate steel alloying and processing are required to 

decrease the MS temperature below the room and MS
σ temperature. 
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Figure I-7: Influence of austenite composition and grain size on the MS temperature. 

The stability of the retained austenite can be defined by the amount transformed after a given 
strain, by means of the following formula25: 

log fγ ret, ε = log fγ ret, 0 – ε.k (I.1) 

fγ ret, 0 is the initial austenite volume fraction at zero strain, fγ ret, ε the retained austenite volume 

fraction after a strain ε and k a constant related to the stability of the austenite. 
An example showing the application of formula I.1 on the determination of austenite stability 
for a CMnSi and CMnAlSi TRIP steel is shown in Figure I-826. The formula makes clear that 
lower values of k correspond to higher austenite stability. Since the transformation of 
austenite to martensite is essential in giving the material its high uniform elongation, TRIP 
steel should have an adequate amount of sufficiently stabilized retained austenite with a 
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limited transformation during press-forming, leaving most of the austenite available for 
transformation to martensite in the event of a crash. 
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Figure I-8: Variation of volume fraction of retained austenite during tensile testing with indication of 

the values of the austenite stability defining constant k. 

Note that the transformation of austenite to martensite during press-forming does not 
necessarily make the steel prone to brittle failure in a crash because the martensite that is 
formed in TRIP steel is not of the very brittle high C plate type, typical for thermal martensite. 
The microstructure of strain-induced martensite does therefore not lead to embrittlement. 

The MS temperature can be calculated using formulas which take the chemical composition 
into account. The formula of Wang et al.27 was modified to take into account the influence of 
Mn, Si and Al by taking the coefficients of these elements in the MS formula proposed by 
Mahieu et al.28: 

P9.59Al30Si5.7Mn4.30e8.545)K(M C362.1
S −+−−⋅= −  (I.2) 

Figure I-9 shows the calculated MS temperatures with the formula of Mahieu et al. and the 
adapted Wang formula for the four TRIP steels, which result in MS temperatures that are in 
much better agreement with the experimental observations. The CMnAl TRIP steel has the 
highest MS temperature (22°C), whereas the CMnSiAl TRIP has the lowest (-56 °C) one. The 
CMnSi and CMnSiAlP TRIP steels have intermediate MS temperatures, -12 °C and 2 °C, 
respectively. 
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Figure I-9: MS temperature versus the C content of the retained austenite for four investigated TRIP 
steels. The MS temperatures calculated with the C content of the retained austenite for the investigated 

TRIP steels are represented by the open symbols. 

I.3 Transformations during processing route of TRIP steels 

Cold rolled intercritically annealed TRIP steels are usually processed using a thermal cycle 
such as the one schematically given in Figure I-10. It consists of five distinct stages, which up 
to now have only been treated separately in the literature due to the obvious complexity of the 
problems. Note that, in contrast to the situation encountered for standard formable low carbon 
and IF steels for automotive applications, a phase transformation occurs in each of the five 
stages, making the comprehensive description of the intercritical processing of TRIP steel 
particularly challenging. 

I.3.1 Stage 1: Rapid heating 

During the initial rapid heating the cold rolled ferrite recrystallizes and the cementite starts to 
dissolve first in the ferrite and, once the temperature is above the Ac1 temperature, in the 
austenite. This process is believed to be very rapid only if the cementite is present in pearlite, 
which results in short diffusion distances. It is important to realize that in the case of cold 
rolled intercritically annealed TRIP steel, the kinetics of the partial re-austenitisation will 
depend strongly on the initial microstructure. Most models do not take into account the 
following aspects, which are highly relevant to the industrial processing of TRIP steel: (a) the 
morphology of the cementite (blocky or pearlitic), (b) the fact that the austenite inherits the 
Mn content of the pearlite and (c) the overheating with respect to the Ac1 temperature29. Both 
(a) and (b) depend on the hot strip run-out table processing and coiling conditions and the 
subsequent cold rolling. As the cementite must be fully dissolved during intercritical 
annealing a lower coiling temperature and a higher degree of cold rolling are expected to be 
more beneficial. A detailed study of these parameters may enable the production of TRIP steel 
with a reduced variability of mechanical properties. 
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Figure I-10: Schematic of the intercritical processing for cold rolled low alloy TRIP steel: the main 
features of the five processing stages are indicated.

I.3.2 Stage 2: Intercritical annealing 

The initial intercritical austenite contains more C than the equilibrium C content of austenite 
in the intercritical range. The C reaches equilibrium partitioning between the ferrite and the 
austenite even for relatively short annealing times. The early stages of intercritical austenite 
formation are controlled by C diffusion, which is followed by the much slower process of Mn 
and Si diffusion. In industrial continuous annealing lines and in galvanizing lines, the 
partitioning of the substitutional elements Mn, Si, … will never reach the equilibrium30, 31 as 
the homogenization of the austenite and ferrite is controlled by sluggish substitutional 
diffusion processes. The ferrite/austenite phase boundary, however, may or may not have a 
pronounced “rim” of ferrite stabilizer on the ferrite side and a “rim” of austenite stabilizer on 
the austenite side (Figure I-11), depending on the temperature and time of the intercritical 
anneal. In practice, it is also important that none of the original cementite remains 
undissolved.  
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Figure I-11: DICTRA calculation showing the C, Mn and Si profiles across the austenite-ferrite phase 
boundary during intercritical annealing after 21s (top) and 300s (below). The arrow indicates the 

direction of movement of the phase boundary during intercritical annealing. Whereas the C is expected 
to reach equilibrium composition, this is not the case for the substitutional solutes. 

I.3.3 Stage 3: Fast cooling 

The fast cooling to the austempering temperature results in the formation of “new” ferrite 
which grows on the existing intercritical ferrite phase. Ghosh et al.32 have described the 
growth of this “epitaxial” ferrite as the paraequilibrium growth of ferrite. Their model leads to 
a considerable increase of the ferrite volume fraction and the presence of a C enrichment on 
the austenite side of the phase boundary. Avoiding the formation of pearlite is apparently 
never an issue in practice. 

I.3.4 Stage 4: Austempering 

This stage is in many ways the most critical one as it defines three crucial parameters: the C 
content, the volume fraction and the size of the retained austenite regions in the 
microstructure. Recent modelling work on the formation of carbide free bainite use the Purdy 
et al. model33 or the Bhadeshia-Rees model34, 35, 36 as a starting point. Quidort et al.37, 38, 39

showed that the transformation could be modelled by a model for growth in paraequilibrium 
conditions, controlled by the C diffusion in austenite. In contrast to Quidort, who used the 
formation of a thin ferrite layer to bypass the nucleation stage and was thus able to focus on 
the bainite growth, Van Dooren et al.40 have proposed a new thermodynamical re-nucleation 
criterion, which takes into account the local carbon concentration and the local stress state of 
the austenite. The calculation of this driving force for re-nucleation shows that the local stress 
state of the austenite, induced by the presence of a previously formed subunit, favours 
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re-nucleation of a new subunit of the same crystallographic variant and demonstrates that the 
origin of the autocatalytic effect during the bainitic transformation, which is mentioned in the 
Bhadeshia-Rees model, results from a mechanical effect.  

I.3.5 Stage 5: Final cooling 

In the final, relatively slow, cooling stage some of the austenite may transform to martensite. 
This is often the case for Si free TRIP steels which have a high Al content (Figure I-12). 

αααα

αααα

γ γ γ γ 

α α α α ’

α α α α ’

ααααB

Figure I-12: TEM micrograph of retained austenite in a CMnAl TRIP steel. The partial transformation 
of the austenite to athermal martensite is common in high Al TRIP steels. Twinned martensite 

embedded in retained austenite can clearly be observed by means of TEM (inset). 

Due to the lack of a comprehensive model for the microstructure development during the 
continuous intercritical processing of cold rolled TRIP steels, empirical approaches have been 
proposed41, 42. These models may be weaker on fundamentals; they do however give process 
engineers a useful insight in the kinetics of the various transformations. 

I.3.6 Carbon enrichment during austempering 

It is important to use sufficiently high cooling rates between the TIA, Intercritical Annealing 
Temperature, and the TIBT, Isothermal Bainitic Transformation Temperature, to avoid the 
formation of pearlite (Figure I-13). This would lead to a decrease in austenite C concentration 
and a reduction in austenite stability. A minimum cooling rate of about 20 °C/s is necessary. 
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Figure I-13: Thermal processing route of cold rolled TRIP-aided steel. 



Introduction 

14 

During the isothermal holding period the transformation of austenite to a low C bainite takes 
place, resulting in the further C enrichment of the remaining austenite. This process continues 
until the carbon concentration of the remaining austenite phase becomes equal to the value 
determined by the T0 line. The T0 temperature is the temperature at which the Gibbs free 
energy of ferrite equals the Gibbs free energy of austenite of equal composition (Figure I-14, 
left). At the start of the IBT, the free energy of ferrite is lower than the free energy of 
austenite, which provides the necessary driving force for the diffusionless bainitic 
transformation. Due to the presence of Si or other carbide suppressing elements such as Al 
and P, C is expelled from the bainite into the austenite phase (Figure I-14, right). As a result, 
the C content of the remaining austenite increases and will eventually reach the T0 curve. 

Despite the theoretical background for and experimental verification of this mechanism, some 
differences in theoretical prediction and experiment have led some authors to come up with a 
different explanation for this so-called incomplete reaction phenomenon43, 44. Van Dooren et 
al.44 have shown by means of a FEM code implemented bainitic diffusion model that carbon 
diffusion from the bainitic subunit into the surrounding austenite phase is far too slow to have 
a pronounced influence on the re-nucleation of subunits. In this manner, carbon enrichment of 
the austenitic constituent cannot be the main reason for the occurrence of the incomplete 
reaction phenomenon. The suggestion of the author that the transformation of austenite is 
stopped by a mechanical effect due to a build-up of stresses in the surrounding austenite phase 
is in good agreement with the work of Quidort et al.43, who obtained a very good match 
between experiment and model by using the above mentioned approach. 
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Figure I-14: Left: schematic of T0 concept for the Fe-C binary system; 
Right: schematic of bainitic transformation in presence of Si (courtesy of D. Van Dooren, Ghent 

University). 

At the end of the IBT the C concentration of the remaining austenite is ~1.7 m%, which is 
sufficiently high to lower the MS temperature below room temperature if the retained austenite 
pool size is small enough. The resulting microstructure consists of ferrite, bainite and retained 
austenite, as shown in Figure I-15. 
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I.4 Alloying elements in TRIP steels 

The use of high strength complex phase steels can only be successfully translated into weight 
reduction if these steels can also be made corrosion resistant. This requires their 
galvanizability by means of continuous electro-plating or hot dip galvanizing technology. 
While it is expected that the former will give little problem after a thorough pickling and 
cleaning of the surface45, the latter coating technology requires heating of the steel strip to 
elevated temperatures, which may lead to an altered surface state and subsequent coatability 
problems. In addition, it must be noted that most current continuous hot-dip galvanizing lines 
have been designed with the processing of ELC and IF drawing steels in mind. 

Another approach is to limit the amount of alloying elements that can lead to the formation of 
non-wettable external surface oxides. Table I-1 shows a list of TRIP steel compositions, based 
on a literature survey made by Prof. B. Mintz46 and M. De Meyer26. 

Whereas in the beginning of the development of commercial TRIP steels the steel 
composition was based on a CMnSi philosophy24, 47-55, the need for hot-dip galvanizability led 
to the addition of other alloying elements with simultaneous reduction of Si concentration. Al 
and P were chosen to substitute for Si because of their similar carbide suppressing 
property56-59, 66-68. Replacement of Si with Mo was investigated as a consequence of its 
property of retarding kinetically both the transformation to ferrite and to pearlite61, 63. Other 
alloying elements such as Cr and V, which are known to slow down the pearlite formation, 
favouring bainite, were added to the steel chemistry61, 63-65. Also Ni, which is an important 
austenite stabilizing element, has been tried60, 61. While it was shown by the respective authors 
that satisfactory TRIP steels could be made based on these “new” compositions, little is 
reported about their actual hot-dip galvanizing performance. While Mo, V and Ni are 
expected to yield few galvanizing problems, they are expensive. Cr is also known for its 
formation of external surface oxides. Very little has been published so far on the influence of 
Al on galvanizability. P additions to e.g. IF steels, have been shown to not affect the 
coatability adversely. 
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Table I-1: Alternative chemical compositions for TRIP-aided steels (m%).

Reference C Mn Si Al P Others 

Matsumura et al.47 0.40 1.20 1.20 - - - 

Sugimoto et al.48 0.40 1.50 1.50 - - - 

Sakuma et al.49 0.39 1.20 1.20 - - - 

0.29 1.20 1.20 - - - 

0.20 1.20 1.20 - - - 

0.12 1.20 1.20 - - - 

Sugimoto et al.50 0.20 1.00-2.50 1.00-2.50 - - - 

Jeong et al.51 0.14 1.57 1.21 - - - 

Itami et al.52 0.11 1.50 1.20 - - - 

Ojima et al.53 0.10 1.04 2.07 - - - 

Itami et al.54 0.14 1.66 1.94 - - - 

Huang et al.55 0.12 5.10 - - - - 

0.12 2.00 - - - - 

Kim et al.56 0.28 1.50 1.41 0.66 - - 

Itami et al.52 0.19 1.42 0.55 0.92 - - 

Mizui et al.57 0.12 1.50 1.10 0.40 - - 

Erhardt et al.58 0.20 1.49 - 1.99 - - 

0.21 1.50 - 1.00 - - 

Pichler et al.59 0.15 1.50 0.60 - 0.11 - 

Chen et al.24 0.12 1.58 0.53 - 0 – 0.2 - 

Sakuma et al.60 0.14 0.92 0.11 - - 4.00 Ni 

Reisner et al.61 0.28 0.80 0.30 - - 0.2Mo – 1.0Cr 

0.16 0.50 0.30 - - 1.6Cr – 1.5Ni 

Jacques et al.62 0.16 1.33 0.38 - - 0.01 Nb 

Bouet et al.63 0.23 1.60 1.10 - - 0.33Mo-0.04Nb 

Öström et al.64 0.11 1.40 0.60 - - 0.058 V 

Jha et al.65 0.08 1.15 1.30 - - 0.44 Cr 

Imai et al.66 0.20 1.50 - 2.02 - - 

0.20 1.50 2.10 - - - 

Nomura et al.67 0.19 1.60 0.20 1.58 - - 

0.16-0.2 1.60 1.6-1.9 - - - 

Traint et al.68 0.15 1.50 0.60 1.0 - - 

0.15 1.50 - 1.0 - - 

0.15 1.50 - 1.0 0.1 - 
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The C content plays a key role in the composition. Its distribution between the main 
microstructural constituents is fundamental to the properties of the material: it should be 

enriched as much as possible in the retained austenite in order to have the Ms
σ temperature of 

the retained austenite 15°C-25°C below room temperature to obtain the best mechanical 
properties. Whereas original laboratory TRIP steels could have a C content as high as 0.4 m%, 
current TRIP steels contain typically 0.20-0.25 m% C or less for reasons of weldability. The 
typical Mn content in low alloy TRIP steel is ~1.5 % Mn, which is required to achieve 
hardenability. Mn, being an austenite stabilizer, lowers the temperature at which the cementite 
starts to precipitate. Mn also lowers the activity coefficient of C in ferrite and austenite and 
increases the C solubility in ferrite. Mn is soluble in cementite. High Mn contents (~2.5 m%) 
are not favourable as they lead to banding in the microstructure and excessively stabilized 
retained austenite69. Si significantly increases the C activity coefficient in both ferrite and 
austenite and reduces the C solubility in ferrite. Si also increases the temperature at which the 
cementite starts to precipitate in ferrite at a given aging time. Si inhibits the formation of 
cementite during the austempering stage. This is usually explained by the fact that Si has an 
extremely low solubility in cementite. As the bainitic transformation takes place in 
paraequilibrium conditions, it is unlikely that the long-range diffusion of Si away from 
cementite could play a significant role, i.e. Si is not expected to influence the growth rate of 
carbides during the bainitic transformation. The effect of Si must therefore be limited to its 
influence on the nucleation of cementite, the driving force for transformation and the activity 
coefficient of C in ferrite, austenite and cementite. A build-up of Si around a cementite 
nucleus could considerably increase the C activity locally and prevent C diffusion to the 
nucleus70. From an industrial point of view, it is important to realize that Si reduces the 
kinetics of the bainitic transformation considerably; this implies that cold rolled CMnSi type 
TRIP steel can only be produced on a line with a long “overageing section”, in which a long 
austempering stage can be carried out. The evolution away from the conventional CMnSi 
composition is mainly driven by the requirement for continuous galvanizing of AHSS sheet 
steel for automotive applications: the high Si content results in film-forming surface oxides 
which prevent the formation of the inhibition layer during hot dip galvanizing71, 72. This 
prevents the wetting of the sheet by the liquid Zn. In addition, there is an economic advantage 
in avoiding electro-galvanizing TRIP steel: in continuous hot-dip galvanizing both the final 
microstructure and the corrosion preventing Zn-coating are obtained in the same production 
line. The minimum level of Si needed to effectively suppress cementite formation is probably 
~0.8 m%.  

Although low Si and even Si-free compositions have been proposed, there is at least one very 
good reason not to remove Si altogether and have at least 0.3-0.8 % Si in TRIP steels. Si 
seems to prevent the most effectively the formation of cementite during the austempering 
stage. Ideally there should therefore only be a partial replacement of ~1 m% Si by  
~1 m% Al73, 74, 75, 76, 77.  

CMnAl TRIP steels have also received much attention. The high Al content in CMnAl TRIP 
steels results in a high C content in the retained austenite78, 79, 80. Both Si and Al are insoluble 
in cementite. Both greatly retard cementite formation. Al decreases the C activity coefficient 
in ferrite and increases the solubility of C in ferrite. Al increases the temperature for the 
initiation of cementite. More importantly, Al accelerates the bainite formation71, 81. The 
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increased bainitic transformation kinetics, which according to Mertens82 are due to a higher 
nucleation rate, are very relevant to industrial production as many continuous galvanizing 
lines for automotive sheet products, which were often designed with IF steels in mind, do not 
have long overageing sections where the austempering process can be carried out. The 
disadvantages of the use of Al are the lower solid solution hardening75 and the fact that Al 
increases the Ms temperature considerably72, i.e. Al destabilizes the austenite and moves the 
Ms-Mf range partly above room temperature. 

I.4.1 Continuous Galvanizing Line design 

In recent times most galvanizing lines producing sheet steel for the automotive industry have 
been built without an overageing section as most of the steel processed in these lines was, and 
often currently still is, of the interstitial-free type (Figure I-16, CGL a). These steels require a 
high soaking temperature and a relatively fast cooling to the dipping temperature. There is no 
need for an overageing section as in the case of ELC steels (Figure I-16, CGL b). The DP 
steels can in principle be produced in such lines. It is clear however that due to the specific 
heat treatment required to produce cold rolled TRIP steels, e.g. time to accommodate for the 
Isothermal Bainitic Transformation, it does not seem evident to process them in continuous 
galvanizing lines that are not equipped with an overageing section. 
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Figure I-16: Typical industrial annealing cycles. Left: CAPL; Right: Continuous Galvanizing Line 
without (a) and with (b) overageing section. 

It should also be noted that the presence of the Zn bath leads to further restrictions concerning 
the thermal cycles possible in continuous galvanizing lines, which may turn out anything but 
optimal. This is due to the fact that the Zn bath temperature must always be at least 420°C, the 
melting point of pure Zn. The bath entry temperature of the strip is generally chosen to be 
higher than the bath temperature by about 10°C for reasons of bath management, strip 
wettability and dross formation. This typically results in a strip temperature in the range of 
460-480°C. It may be that, when using a conventional TRIP steel composition, the 
microstructures and hence the mechanical properties obtained are very different from what can 
be obtained for cold rolled continuously annealed TRIP steel. It is in particular worthwhile to 
note that the higher isothermal bainitic transformation temperature may lead to changes in the 
microstructure of the bainite. In addition, the incomplete transformation stops at a higher T0
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temperature and hence the maximum carbon content of the retained austenite and the stability 
of retained austenite are reduced. 

I.5 Scope of the present work 

The present work is a detailed analysis of the physical metallurgy of a new cold rolled TRIP 
steel based on the CMnSiAlP alloy concept, which was based on the following elements: 

� The partial replacement of Si by a limited amount of Al. 

� The optimization of the mechanical properties with P additions; Al alloying leads to lower 
Si contents, which makes the steel galvanizable by hot dipping. P is the element of choice in 
order to limit the use of Al, if the full replacement of Si is restricted. P suppresses the 
formation of cementite. It is also a very effective solid solution hardening element and, in the 
presence of a low Si content, it has been shown to increase the amount of retained austenite83. 
P also significantly increases the C activity coefficient in ferrite. The reportedly negative 
effects of P alloying to TRIP steel, such e.g. the formation of Fe3P, only occur at excessively 
high P contents, i.e. for P contents > 0.25 %84, 85. 

� Only small amounts of P are required (0.05-0.1 m%) to achieve significant improvements. 

The present work focuses on P-additions to obtain a TRIP800 steel, i.e. a TRIP steel with a 
tensile strength higher than 780 MPa, a yield strength between 440 and 560 MPa, a total 
elongation of at least 22 % and a strain-hardening or n-value of 0.18 for a strain range 
between 10 % and uniform elongation. The starting chemical composition is that of a 
CMnSiAl steel. The addition of phosphorus should make it possible to lower the carbon 
content, thereby increasing the weldability, and lowering the Si and Al content to further 
improve the coatability and decrease the casting problems, respectively. 

The work is presented in the following chapters. After the introduction in Chapter I, the 
equipment and experimental techniques used in this study are discussed in Chapter II. In 
Chapter III the effect of a partial substitution of Si and Al by P on the microstructure, the 
retained austenite content and the mechanical properties of cold rolled and annealed TRIP 
steels are reported. A detailed study of the influence of different carbide-suppressing 
elements, i.e. Si, Al and P, on the ferrite-to-austenite and austenite-to-bainite transformation 
kinetics and thermodynamics is presented as well. Chapter IV involves the application of a 
physically based model to predict the mechanical properties of P-added TRIP steel. In 
Chapter V a detailed characterization of the microstructure by Transmission Electron 
Microscopy is given. The orientation relations between the ferritic phase and retained 

austenite phase are studied by means of EBSD measurements. In Chapter VI, the MS
σ

temperature was determined by the Single Sample – Tensile Test – Temperature Variation 
test. The transformation kinetics of the retained austenite phase was studied using the 
Olson-Cohen equation. In Chapter VII and Chapter VIII a neutron diffraction study is made 
of the high carbon metastable austenite phase present in TRIP steels. Finally, conclusions and 
suggestions for future work are reviewed in Chapter IX. 
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CHAPTER II 

Experimental procedure 

II.1 Introduction 

This chapter gives an overview of the materials, equipment and analysis techniques used for 
the experimental work reported in the present doctoral dissertation. 

II.2 Materials preparation 

All steels investigated in this doctoral thesis were laboratory cast. The chemical composition 
of the most important steels used in this work, determined with a Spectrolab LAVWA18A 
spectrometer of Spectro Analytical Instruments, is listed in Table II-1. The main purpose of 
the present work was to evaluate the influence of different cementite-formation-suppressing 
elements, especially phosphorus, on fundamental- as well as application-related properties. 
The Mn content was maintained at about 1.5 m%. The P content was around 700 ppm in 
order to avoid the segregation of phosphorus to the grain boundaries which may result in 
brittleness.  

Table II-1: Chemical compositions of TRIP steels, all values in m%.

Steel grade C Mn Si Al P 

1. LL 0.25 1.56 0.28 0.60 0.069 

2. HL 0.24 1.66 0.42 0.58 0.073 

3. LH 0.20 1.62 0.30 0.90 0.085 

4. HH 0.19 1.68 0.48 0.84 0.066 

5. High C CMnSi 1.87 1.53 1.57 - - 

The laboratory castings were prepared at the Laboratory for Iron and Steelmaking (LISm) as 
100 kg ingots in a Pfeiffer VSG100 induction furnace operating under argon gas protective 
atmosphere. The ingots were cut into blocks of 250 mm width, 125 mm length and 25 mm 
thickness. The blocks, wrapped in stainless steel foil to avoid oxidation, were reheated for 
1 hour at a temperature of 1250 °C and hot rolled in 6 passes to a thickness of 3.5 mm, with a 
reduction per pass varying between 30 and 22 %, making use of a 3000 kN Carl Wezel 
laboratory rolling mill. A coiling simulation was done at 600 °C. After hot rolling and 
pickling, the steels were cold rolled to a final thickness of 1 mm, corresponding to a cold 
reduction of 71 %. 
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Steel 5 represents the chemical composition of the retained austenite phase in a classical 
1.5 m% Si CMnSi TRIP steel. This composition was cast to obtain a bulk metastable retained 
austenite phase in order to characterize the behaviour of the retained austenite phase and the 
resulting strain-induced and athermal martensite phase during ageing. Thermo-Calc 
calculations showed that the austenitic phase region ranged from 1050 °C to 1175 °C. The 
as-cast material was reheated to 1140 °C for 30 minutes, as longer times might have resulted 
in decarburization, and then hot rolled from an initial thickness of 25 mm to a final thickness 

of around 12 mm in 2 passes. Because of the narrow range of the γ phase stability range, the 
material was reheated to 1140 °C for a few minutes after the first pass, to ensure rolling in 

the γ phase region. After the last pass, the material was water quenched to obtain a 
metastable austenitic microstructure. 

The typical annealing simulation for cold rolled TRIP steels consists of two steps, the 
intercritical annealing and the isothermal bainitic transformation as shown in Figure II-1. In 
industrial lines both the intercritical annealing temperature and time are limited, which means 
that the equilibrium phase fractions and the equilibrium content of substitutional solutes in 
the different phases, are never achieved. During the intercritical annealing the austenite C 
content is raised to ~0.3-0.4 m% as a result of the C partitioning between ferrite and 
austenite. After the intercritical annealing, the steel is quenched to a temperature in the 
bainitic transformation range and isothermally held for several minutes. A high cooling rate 
(> 30 °C/s) between the two annealing stages is needed to avoid the formation of “new” 
ferrite or pearlite. The initial cooling rate may be lower when the temperature is still higher 
than the Ar1 temperature, in order to further enrich the austenite with C. The cooling rate and 
bainite transformation time and temperature are limited by the characteristic “process 
windows” of the industrial continuous annealing lines or continuous galvanizing lines. At the 
bainite transformation temperature the remaining austenite particles decrease in size and 
become further enriched with C (~ 1-1.5 m%). Experiments show that for TRIP steel 
compositions, the C is enriched to 1.5-2.0 % C in the retained austenite after isothermal 
bainitic transformations in the 400 °C - 500 °C temperature range. Longer isothermal bainitic 
transformation times result in the decomposition of the austenite into ferrite and carbides. 
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Figure II-1: Schematic of a continuous annealing cycle for cold rolled, intercritically annealed TRIP 
steel (left). Pseudo-binary Fe-C diagram for Fe – 1.5 m% Mn, showing the changes in the C content of 

the austenite (right). 

II.3 Microstructural investigation 

II.3.1 Light optical microscopy 

The microstructure was investigated by light optical microscopy (LOM) on a Zeiss 
JENAVERT. After mechanical polishing, the specimens for LOM were colour etched using 
the LePera method1. The LePera etchant is a mixture of two solutions of which the 
compositions are given in Table II-2. The solutions are prepared separately and mixed in 
equal quantities when the etching procedure is carried out. 

Table II-2: Composition of solutions for LePera etchant. 

Reagent 1 Reagent 2 

1 g Na2S2O5 4 g dry picric acid 

100 ml distilled H2O 100 ml ethanol 

II.3.2 X-ray diffraction 

The volume fraction of retained austenite was determined by X-Ray Diffraction (XRD) on a 

Siemens D5000 diffractometer using Mo Kα radiation. In the case of an untextured sample, 
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Ihkl, the integrated intensity of a diffraction peak as measured with a diffractometer is given 
by 
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where I0 is the intensity of the primary X-ray beam, e and m are the charge and the mass of 
the electron and c is the velocity of light. The magnitude of the factor e²/mc², which is called 

the Thompson cross-section, is 2.81 10-13 cm. µ is the absorption, λ is the wavelength of the 
radiation and r is the distance between sample and detector. Fhkl is the structure factor, p is 
the multiplicity of the diffracting (hkl) planes, LP is the Lorentz polarization factor, v is the 
volume of the unit cell and e-2M is the Debeye-Waller factor. 

The equation (II.1) can be reformulated as  

Ihkl = KRhklV (II.2) 

where K is the instrumental factor, Rhkl the material specific factor, which is a function of the 
crystal structure, the diffracting (hkl) planes, the composition,… and V the diffracting sample 

volume. In a two-phase material, Rhkl values can be computed accurately for both the α and 

the γ phase. 

The Direct Comparison Method proposed by Cullity2, 3 was used to calculate the volume 

fraction of retained austenite. This method uses the integrated intensity, hkl
/I γα , of the (200)α,

(211)α, (220)γ and (311)γ peaks to determine the retained austenite volume fraction 
ret

f γ  using 

the following formula:  
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The expected peak locations with Mo Kα radiation are given in Table II-3 and an example of 
a diffractogram showing the peak positions is shown in Figure II-2. By fitting the peaks in 
the diffractogram, the austenite lattice parameter [nm] can be determined. Using the relation 

between, aγ, the austenite lattice parameter, and the austenite carbon concentration, as 
determined by Nishiyama4, the carbon concentration (in mass percent) in the retained 
austenite can be calculated as follows: 

aγ = 0.35467 + 0.00467m% C (II.4) 

Table II-3: Calculated peak positions for Mo Kα radiation (λ = 0.0711 nm) with aα = 0.28678 nm 

and aγ = 0.3602 nm for 1.2 m%C.

Peak (200)αααα (211) α α α α (220) γ γ γ γ (311) γ γ γ γ

2θθθθ, ° 28.72 35.36 32.42 38.22 
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Figure II-2: Example of an X-Ray diffractogram for a CMnSiAlP TRIP steel. 

II.3.3 Neutron diffraction 

The use of neutrons, which have a large penetration depth, has distinct advantages that are 
highly relevant to the strict requirements for the present materials analysis:  

� Phase contents can be measured down to 0.1 vol%.
� There is no risk of de-carburization effects as the bulk of the material is analyzed.
� There is no relaxation of internal stresses.
� After the neutron diffraction experiments, the samples can still be used for 

microstructural analysis because of the non-destructive nature of the technique.

The main differences between X-rays and neutrons can be summarized as follows: 

� The quantity used to characterize the amplitude of scattering of neutrons by atoms is 
called the scattering length, b, and is expressed in units of length. Neutron scattering lengths 
do not vary with scattering angle. Neutrons are scattered by the nucleus, which has a radius 
on the order of 10-5 nm compared to about 0.1 nm for the surrounding electrons that scatter 
X-rays. Thus neutrons are scattered from essentially point sources. X-ray atomic scattering 
factors are Fourier transforms of the electron density of atoms, and they therefore fall off 
with increasing scattering angle. However, the Fourier transform of a point source is flat. 
This is essentially the case for the scattering of neutrons by nuclei. Hence, there is no 
decrease in the scattering length with angle. 

� Neutron scattering lengths vary irregularly with atomic number. Due to the complex 
interaction of neutrons with nuclei, there is not a systematic variation with atomic number. A 
comparison to X-rays is shown in Figure II-3 in which X-ray scattering factors were 
converted to scattering lengths. The irregular relationship between scattering lengths and 
atomic number can provide benefits because neighbouring elements in the periodic system, 
which have close values of X-ray atomic scattering factors, can have widely differing values 
of neutron scattering lengths, thus providing greater visibility or contrast. 
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Figure II-3: Neutron scattering lengths compared to X-ray scattering lengths (at sin θ/λ = 0) as a 
function of atomic number.

� The absorption of neutrons, as for X-rays, is the sum of true absorption and scattering out 
of the direct beam. However, the fact that neutrons have no charge leads to much lower true 
absorption than for X-rays for which there are strong interactions with electrons. As a result, 
the scattering contribution to total absorption plays a significant role for neutrons. The true 
absorption coefficients for neutrons are several thousand times smaller than for X-rays.

� The scattering cross-sections for neutrons are 10 to 100 times smaller than the scattering 
cross-sections for X-rays.

� In order to obtain appreciable scattering with neutrons the sample must be considerably 
larger and in most cases the attenuation of a neutron beam in traversing a sample is 
principally due to scattering not absorption.

� In the case of elements with a single isotope with a non-zero nuclear spin the nucleus 
may have different scattering amplitudes in scattering when its spin is parallel or antiparallel 
to the spins of the primary neutron.

The NRU (National Research Universal) reactor at AECL's Chalk River Laboratories5

provides intense beams of neutrons since it began operation in 1957. The reactor uses heavy 
water as both moderator and coolant operate at 125 MW. Presently it uses 20 % enriched 
fuel. It has a large core contained in a vessel that is 3.65 m in diameter and 3 m high. The 
core contains 90 fuel sites and has 8 reactor loops and 30 isotope irradiation sites. It has 7 
beam tubes dedicated to neutron scattering experiments. The whole reactor is surrounded by 
a heavy shield to prevent the neutrons and gamma rays from affecting the surrounding area 
(Figure II-4). 

The peak thermal neutron flux at NRU is 3×1014 cm-2 sec-1 and one of the highest in the 
world. The beam tubes are large, 22 cm high by 7.5 cm wide, to give beam optics that 
produce a high flux on the specimen. 
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Figure II-4: Schematic of the heart of the neutron reactor. 

In operation, the NRU reactor produces more than 100 MW of power. The power from the 
fission reaction heats up the fuel, and the reactor needs to be cooled. The heavy water that is 
in the core to moderate the neutrons is being continuously pumped around eight loops, where 
it is cooled and returned to the core. 

The moderator slows down the fission neutrons, which are captured by uranium nuclei. 
Deuterium, an isotope of hydrogen, is a particularly good moderator. Deuterium has a 
nucleus of one proton and one neutron. D2O or heavy water does not absorb many neutrons 
and its use as moderator maximizes the number of useful neutrons in the reactor. In addition 
heavy water still behaves like water, and it can be circulated around with a pump and used to 
cool the reactor at the same time it moderates the neutrons. 

During operation, uranium-235 becomes unstable uranium-236 by capturing a neutron. The 
uranium-236 nucleus in the fuel splits apart (Figure II-5). Each nuclear fission creates heat 
and two or three neutrons. These neutrons are slowed down as they pass through the 
deuterium water in the core. A slow moving neutron can join another uranium atom causing 
it to split apart, and the process continues. To control the reaction, or stop it completely, rods 
of B-containing material that effectively absorb neutrons are used. These can be raised and 
lowered into the core. If the control rods absorb more neutrons, less are available for the 
fission reaction. 
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Figure II-5: Schematic of a splitting reaction to obtain neutron radiation. 

A typical neutron energy spectrum coming out of the reactor is shown in Figure II-6. The 
neutron energy distribution is broad and consists of three principal components (thermal, 
epithermal, and fast). The thermal neutron component consists of low-energy neutrons, with 
an energy below 0.5 eV, in thermal equilibrium with nuclei in the reactor's moderator. At 
room temperature, the energy spectrum of thermal neutrons is best described by a Maxwell-
Boltzmann distribution with a mean energy of 0.025 eV and a most probable velocity of 
2200 m/s. In most reactor irradiation positions, 90-95 % of the neutrons that bombard a 
sample are thermal neutrons. The epithermal neutron component consists of neutrons 
(energies from 0.5 eV to about 0.5 MeV) which have been only partially moderated. A 
cadmium foil 1 mm thick absorbs all thermal neutrons but will allow epithermal and fast 
neutrons above 0.5 eV in energy to pass through. The fast neutron component of the neutron 
spectrum, with an energy above 0.5 MeV, consists of the primary fission neutrons which still 
have much of their original energy following fission. Fast neutrons contribute very little to 
the reaction. 
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Figure II-6: Neutron energy spectrum. Note that the logarithmic y-axis exaggerates the intensity of 
high energy neutron flux. 
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In NRU there are holes through the shielding with gates on them. These holes are used to let 
the neutron beam out from the reactor and lead it to neutron spectrometers. The DUALSPEC 
facility has two spectrometers, namely C2, which was used in this research and C5 (Figure 
II-7). C2 is equipped with a Si {531} monochromator and a curved 800-wire BF3 position 
sensitive detector. The wire-spacing is 0.1°, so that 80° of scattering angle is measured 
simultaneously. The detector can be positioned in low- and high-angle settings to collect data 
from the complete 120° range of scattering angles. Within each setting it can be moved in 
steps as small as 0.01°. The detector sits in a large 7 ton shielding block. It “floats” on an 
epoxy resin floor on a cushion of air with the aid of pneumatic pads and can be positioned to 
0.002°. Some additional equipment can be used, e.g. a continuously rotating sample table and 
an automatic sample changer where up to 9 samples may be run unattended under ambient 
conditions. 
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Figure II-7: Schematic of the different diffractometers. 

The neutron wavelength was 0.13288 nm. The diffractograms were measured in the 2θ angle 
range between 32 and 112°. An in-situ heating of the samples to 1000 K is possible during 
the diffraction measurement in vacuum (10-5 Pa). As an example, Figure II-8 shows the 
measured diffractogram of a high C metastable austenite after quenching in liquid nitrogen. 
The presence of high C martensite results in double peaks that can be clearly seen as 
separated peaks. 



Experimental procedure 

34 

20 40 60 80 100 120
0

5000

10000

15000

20000

25000

(112)α'
(200)α' / (020)α'

(222)α'

(310)α'

(220)α'

(211)α' / (121)α'

(002)α'

(110)α'

(331)γ (420)γ(222)γ

(311)γ
(200)γ

(220)γ

(111)γ

In
te

ns
ity

, c
ou

nt
s

2θ, °

50 55 60 65 70
0

5000

10000

15000

Figure II-8: Measured neutron diffractogram of a high C metastable austenitic steel quenched in 
liquid nitrogen. The martensite doublets are indicated. 

In the profile fitting procedure a pseudo-Voigt function (II.5) was adopted to determine the 
exact peak position and peak width: 
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I is the intensity, θb the Bragg angle, θ the diffraction angle, A the proportionality factor, f a 
fitting parameter and b1 and b2 parameters related to the peak width and shape. 

Several non-overlapping austenite diffraction peaks were taken into account to determine the 

austenite lattice parameter, aγ, using the Nelson-Riley method6. For crystals with a cubic 
symmetry, the lattice parameter can be determined accurately by examining the systematic 
trend of the lattice parameter obtained from a series of different Bragg peaks. The 

Nelson-Riley method gives a straight-line extrapolation for aγ over a wide range of angles. 

The lattice parameter, aγ(θhkl), from the Bragg angle for each (hkl) diffraction peak is 
determined as: 

hkl

222

hkl sin2

lkh
)(a

θ
++λ=θγ (II.6) 

These values are plotted versus the Nelson-Riley parameter function: 
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(II.7) 
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Extrapolation of the straight line through the data points to the y-axis yields the austenite 
lattice parameter, independent of errors of specimen shift and penetration depth of neutrons6. 

With some small modifications the method can also be used to determine the lattice 
parameters of the bct martensite lattice. 

II.3.4 SEM/OIM analysis 

In this work, quantitative texture analysis was used to study different microstructural and 
textural features of the material. In this section, a brief introduction7 is given on some 
concepts and on the measuring technique that is used in the experimental part of this work. 
More details on quantitative texture analysis can be found in the literature8, 9.  

Polycrystalline materials can be considered as aggregates of single crystals, which each have 
a specific crystallographic orientation. The description of the crystallographic orientation of 
such a single crystal requires two right-handed reference systems; one attached to the sample 
and the other one attached to the single crystal (Figure II-9). It is known that the orientation 
relationship between two reference systems is unambiguously defined by three independent 
degrees of freedom. There are different possibilities on how to fill out these three degrees of 
freedom. The most commonly used methods are here briefly discussed.  

KC

ND

TD

RD
KS

KC = crystal reference system
KS = sample reference system

KC

ND

TD

RD
KS

KC = crystal reference system
KS = sample reference system

Figure II-9: The crystal (KC) and sample (KS) reference system. 

A first one are the Miller indices (hkl) [uvw]. In this representation mode, (hkl) defines the 
crystallographic plane parallel to the rolling plane. This implies, for cubic crystal structures, 
that the [hkl] direction is oriented along the normal direction. [uvw] is the crystal direction 
which is parallel to the rolling direction. These six parameters are reduced to three because 
crystallographic planes and directions are determined aside from a constant factor and the 
direction [uvw] must be coplanar with the (hkl) plane. 

A second one are the Euler angles (ϕ1, Φ, ϕ2). Euler10 has demonstrated that three subsequent 
rotations around predefined axes are necessary and sufficient to transform one reference 
system into another arbitrary one. The three angles defining these rotations are called Euler 
angles. In quantitative texture analysis, the convention that is most commonly accepted was 
introduced by Bunge9, 11. As illustrated in Figure II-10, the three rotations comprise a rotation 
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ϕ1 around the z-axis, followed by a rotation Φ around the x’-axis and finally by a rotation ϕ2

around the z”-axis. The Euler angles (ϕ1, Φ, ϕ2) uniquely characterise the orientation of the 
grain. 
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Figure II-10: Euler angles (ϕ1, Φ, ϕ2). 

With the three Euler angles a three-dimensional space can be defined, the so-called Euler 
space. All possible orientations can be represented by limiting the rotation angle to the 

intervals given by: 0 ≤ ϕ1 ≤ 2π, 0 ≤ Φ ≤ π and 0 ≤ ϕ2 ≤ 2π. These intervals are reduced to 

0 ≤ ϕ1 ≤ π/2, 0 ≤ Φ ≤ π/2 and 0 ≤ ϕ2 ≤ π/2 when the cubic crystal symmetry, which is valid for 
alloys such as steel, and when the orthorhombic sample symmetry, which is valid for rolled 
sheets, are taken into account. The appropriate sections of this Euler space will be used in 
order to describe the distribution of the crystallographic orientations in this work.  

Apart from the orientation of a single crystal, often a description of the orientation difference 
or the misorientation between two adjacent grains is necessary. In general, misorientations 

are described by using an axis/angle pair <d>ω 12. The rotation axis d corresponds to a 

crystallographic direction common to both neighbouring crystal lattices. The angle ω defines 
the rotation around the axis d which must be applied in order to bring the first crystal into 
coincidence with the second one. For misorientation calculations, the indices of the axis d are 

normalised (i.e. 12
3

2
2

2
1 =++ ddd ). Due to the crystal symmetry, many axis/angle pairs can 

describe the same misorientation. In case of cubic crystal symmetry, it was found13 that there 
are 24 physically different misorientation operators. By convention, the smallest 

misorientation angle ωmin and the corresponding axis are selected to obtain a unique 
representation of an arbitrarily given misorientation. Recently14, because of some 
disadvantages of this representation, misorientations have been more frequently described by 
means of a Rodrigues-Frank vector15, 16. The Rodrigues-Frank vector R is defined by: 

( )2tan ω⋅= dR
rr

(II.8) 

The distribution of the crystallographic orientations in a material, a texture, is very often 
described quantitatively by means of an orientation distribution function (ODF). This 
function is very often calculated on the basis of X-Ray Diffraction (XRD) or by Electron 
BackScattered Diffraction (EBSD) and is afterwards plotted in Euler space. In this work, the 
latter technique was used to study crystallographic textures. This technique is also based on 
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the principle of Bragg diffraction, but the much smaller beam diameter (~a few nm) allows 
obtaining very valuable microstructural information.  

An EBSD pattern can be collected in a Scanning Electron Microscope (SEM). Fully 
automated data acquisition programs exist that collect and process these EBSD patterns. One 
of the most widely-used is the Orientation Imaging Microscopy® (OIM®)17 program from 
TexSEM Laboratories Inc. The principle of this software program is given in Figure II-11. 

sample OIM-ImageDiffraction pattern

(a) (b) (c)

sample OIM-ImageDiffraction pattern

(a) (b) (c)
Figure II-11: Schematical representation of the principle of OIM measurement. 

Figure II-11a shows a region in a microstructure where three grains meet. As the electron 
beam scans the microstructure, the EBSD patterns (Figure II-11b) are collected, stored and 
analysed step by step. This implies that the crystal structure is identified, the pattern is 
indexed and the orientation is calculated. The computer performs then data processing steps 
automatically while the data are acquired. During post-processing these data are transformed 
into an image in which crystallographic orientations are represented according to a certain 
colour code (Figure II-11c).  

The quality of this diffraction pattern (Figure II-11b) is described by an image quality (IQ) 
factor, which is affected by the presence of grain boundaries, the dislocation density, the 
presence of precipitates and different factors in the microscope or video processing such as 
the contrast and brightness. This diffraction pattern is indexed by the software. The reliability 
of this indexing is quantified by a “Confidence Index” (CI), which ranges from 0 to 1. For a 
given diffraction pattern several possible orientations may be found which lead to an 
acceptable indexing of the diffraction data. The software ranks these orientations (or 
solutions) using a voting scheme. The confidence index is based on this scheme and is given 
as CI = (V1 - V2)/VIDEAL where V1 and V2 are the number of votes for the first and second 
solutions and VIDEAL is the total possible number of votes from the detected bands. The 
confidence index can be a bit misleading. For example, a confidence index of 0 is achieved 
when V1 = V2, however, the pattern may still be correctly indexed. 

The EBSD measurements were carried out on a Philips XL30 ESEM equipped with a LaB6

filament and operated at 25 kV. The EBSD attachment is manufactured by TSL®. The 
specimen was tilted 75° during the EBSD measurements. The specimen was prepared by a 
slow and soft mechanical polishing. The Orientation Distribution Functions (ODFs) were 
calculated using a numerical software18.  
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II.3.5 TEM analysis 

A Philips EM400 Transmission Electron Microscope (TEM) with an accelerating voltage of 
120 keV was used to characterize the TRIP microstructure of carefully prepared thin foils. 
Foils with a thickness of 1 mm were selected out of the material and subsequently thinned by 
mechanical polishing to a thickness of 25 µm and electrochemical thinned with a Tenupol 
electro-jet polisher, using a solution containing 95 vol% of acetic acid and 5 vol% of 
perchloric acid19. 

II.4 Mechanical properties 

Mechanical properties were determined by tensile tests on an Instron 5569. The initial 
crosshead speed of 45x10-3 mm/s was increased to 45x10-2 mm/s at a strain of about 3.38 %. 
The specimen gauge length was 80 mm. The mechanical properties were characterized by 
means of the yield stress Re (YS), the ultimate tensile strength Rm (UTS), the uniform 
elongation Au (UE) and the total elongation A80 (TE). The stress-strain curves were also used 
to study the strain hardening behavior in detail. 

II.5 Dilatometry 

II.5.1 Principle 

The phase transformations were studied experimentally by means of dilatometry. The 
technique is based on the monitoring of the change in length of a sample during heating, 
cooling or isothermal holding. The lattice parameter for both ferrite and austenite of a given 
composition varies linearly with temperature in the temperature range 300-1200 °C. The 
ferrite lattice (bcc) contains 2 atoms in a cubic unit cell with a lattice parameter of 0.28965 
nm in pure iron at 727 °C20; the austenite lattice (fcc) contains 4 atoms in a cubic unit cell 
with a lattice parameter of 0.36309 nm in pure iron at 727 °C20. The specific volume (nm/at) 
is therefore higher for ferrite than for austenite. At the transformation temperature Ae3, when 
the austenitic phase transforms to a ferritic phase, the steel exhibits a dilatation, due to its 
volume expansion. 

II.5.2 Equipment 

The samples used in the dilatometric studies are cylindrical samples of 5 mm length and 3 
mm diameter. They were prepared from hot rolled slabs, air-cooled to room temperature. 
They were tested in a Theta Dilatronic IIIS quench dilatometer, shown in Figure II-12. The 
Linear Variable Displacement Transducer (LVDT) transforms the displacement due to the 
length change of the sample to an electrical signal, which is recorded by a computer and 
recalculated into a relative dilatation, dl/l0. 

A controller is used for programming the time-temperature cycles used for continuous and 
isothermal annealing experiments. By means of a Pt, Pt-10%Rh type S thermocouple, 
spot-welded to the sample, the temperature of the sample is measured and adjusted by the 
controller to the desired value by changing the power of the induction furnace. 
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Figure II-12: Theta Dilatronic IIIS quench dilatometer. 

II.5.3 Experimental set-up 

Three different types of dilatometric experiments were carried out. An example of each type 
of test is shown in Figure II-13 to Figure II-15. After the heating part and, in some cases, the 
isothermal annealing, the samples were quenched to room temperature, by means of spraying 
with He gas, to freeze the microstructure obtained after annealing at the selected temperature. 
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Figure II-13: Continuous annealing experiment for determining Ac1 and Ac3. 
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Figure II-14: Intercritical annealing (IA) experiment used to determine the austenitization kinetics. 
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Figure II-15: Isothermal Bainitic Transformation (IBT) experiment used to determine the bainite 
formation kinetics. 

The dilatometric data were processed using the lever-rule (Figure II-16). The phase 
distribution in the microstructure as function of annealing time and/or temperature could be 
determined in this manner. 
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kγ = 23.10-6 °C -1

kα = 15.10-6 °C -1

fγγγγ
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Figure II-16: Schematic of the application of the lever-rule on dilatometric data. 

fα and fγ are the volume fractions of ferrite and austenite, respectively. 

kα and kγ are the thermal expansion coefficients of ferrite and austenite, respectively. 
(courtesy of C. Mesplont, Ghent University) 
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CHAPTER III 

Characterization of P-alloyed TRIP-aided steel 

III.1 Introduction 

Common TRIP (TRansformation Induced Plasticity) -aided steels contain roughly 0.15 m% 
C, 1.5 m% Si and 1.5 m% Mn. The high Si content in conventional C-Mn-Si TRIP-aided 
steels is expected to give rise to galvanizing problems1 and is also known to cause low 
ductility levels in the as-cast condition. Si is also known to increase the ductile-to-brittle 
transition temperature of ferritic steels. These are the main reasons to keep the Si content of 
TRIP-aided steels as low as possible. It is known that Al and P, in addition to being strong 
ferrite stabilizers, retard the tempering reaction and inhibit the formation of cementite2, 3, 4, 5, 

6. Al is not an effective solid solution strengthening element and it is known to give rise to 
poor surface quality in casting. The purpose of this chapter was therefore to analyse the 
potential of P-added TRIP-aided steels with reduced Si and Al contents. 

The C activity coefficient calculations in ferrite and cementite, shown in Figure III-1, 
revealed that P has the same effect as Si in delaying the precipitation of cementite and 
promoting the retention of retained austenite. However, because of the small amount of P that 
can be used in order to avoid segregation phenomena, Si and/or Al in a sufficient amount 

remain necessary to obtain the TRIP-effect. In α-Fe, the alloying with P results in particularly 
high strength levels. The strengthening effect of phosphorus can in addition be used to reduce 
the carbon content, thereby improving the weldability of TRIP-aided steels. 
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Figure III-1: Influence of Si, Al and P on the activity coefficient of C in ferrite and cementite. 
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Several alloying elements are reported in the literature to fully or partially replace Si in 
conventional TRIP-aided steels. An overview of the effects of the Al and P additions is given 
in Table III-1. Concerning the coatability of P-added steels, Hertveldt et al.7 reported that the 
galvannealing kinetics of P- and Mn-added interstitial free high strength steels, processed at 
low dew point, were slower than those of a standard interstitial free deep drawing steel. They 
showed that annealing at higher dew point improved the surface wettability and accelerated 
the reaction kinetics. Little is known about the effect of small Al additions on the galvanizing 
of sheet steel, but Al additions are not expected to influence the coatability adversely8. 

Table III-1: Properties of the alloying elements Al, P and Si. 

Alloying element Influence 

Al � Decreases C activity coefficient in ferrite 

� Prevents cementite precipitation 

� Increases C activity coefficient in cementite 

� No solid solution strengthening 

P � Increases C activity coefficient in ferrite 

� Reduces kinetics of the cementite precipitation 

� Increases C activity coefficient in cementite 

� Solid solution strengthening 

Si � Increases C activity coefficient in ferrite 

� Prevents cementite precipitation 

� Increases C activity coefficient in cementite 

� Solid solution strengthening 

Several compositions of TRIP-aided steels with reduced Si content and alloyed with P have 
been proposed. Chen et al.5 investigated the effect of P additions in a Si-free and a Si-
containing low carbon TRIP-aided steel. Their results showed a beneficial effect of P on the 
retention of metastable austenite, especially in combination with Si. They found for a 0.07 % 
P – 0.5 % Si – 1.5 % Mn – 0.12 % C steel, annealed at 800 °C for 150 seconds and 
isothermally held at 450 °C for 300 seconds, a volume fraction of retained austenite of 9.5 %, 
a tensile strength of 730 MPa and a total elongation of 36 %. Consequently, P is a possible 
alternative to replace partially Si in TRIP-aided steels. Pichler et al.2 considered the option of 
using a low Si TRIP-aided steel. They suggested that a Si content of 0.6 % in a 0.15 % C – 
1.5 % Mn steel leads to an insufficient prevention of carbide precipitation to obtain retained 
austenite which is stable enough to cause a satisfactory TRIP effect. The addition of 0.1 % P 
improved the mechanical properties significantly. 

An overview of mechanical properties that are reported in the literature for CMnAl and 
CMnAlSi TRIP-aided steels is given in Figure III-2. For typical ultimate tensile strength 
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values between 500 and 750 MPa, a wide range of elongations between 23 % and 42 % has 
been reported3, 4, 9, 10, 11, 12.  
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Figure III-2: Overview of the literature data for the mechanical properties of CMnAl and CMnAlSi  
TRIP steels. 

The aim of this work is to produce a TRIP800 steel, i.e. a tensile strength higher than 780 
MPa, a yield strength between 440 and 560 MPa, a total elongation of at least 22% and a n-
value of 0.18 between 10 % en uniform elongation. 

III.2 Experimental 

Five chemical compositions were cast in a 100 kg laboratory induction furnace operated 
under Ar-gas atmosphere. The compositions are given in Table III-2. The P and Mn content 
were kept the same in the first four castings, respectively 700 ppm and 1.6 m%. The last 
casting had no P addition. Two Si levels were chosen, a low Si content of ~0.30 m% and a 
high Si content of ~0.48 m%. The same was done for the Al with a low and high content of 
~0.60 and ~0.90 m%, respectively. A comparison of the LL and HL TRIP grades allows for 
the determination of the influence of an increased Si content. The same is true for a 
comparison between the LH and the HH grade. The combined effect of C and Al can be 
checked by comparison of the LL and LH grade. The effect of P can be determined by 
comparing the HH and HH-noP steels. 

The laboratory cast material was cut into blocks of 25 mm thickness, reheated to 1250 °C for 
1 hour and hot rolled in the austenite region in 6 passes to a final thickness of 3.5 mm. The 
sheets were water cooled to the coiling temperature of 600 °C. The sheets were then cold 
rolled to a final thickness of 1 mm. Tensile specimens with 80 mm gauge length were 
machined parallel to the rolling direction. These specimens were heat treated in two salt 
baths using a two-step thermal cycle. After annealing in the intercritical region, the samples 
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were quenched in a salt bath at the austempering temperature and isothermally held for 
several minutes in the bainitic transformation temperature range. 

Table III-2: Chemical compositions of the different steel grades, all values are in m%. 

Steel C Mn Si Al P 

LL 0.25 1.56 0.28 0.60 0.069 

HL 0.24 1.66 0.42 0.58 0.073 

LH 0.20 1.62 0.30 0.90 0.085 

HH 0.19 1.68 0.48 0.84 0.066 

HH-noP 0.18 1.65 0.45 1.01 0.015 

The intercritical annealing and austempering times were chosen close to the current industrial 
processing parameters. Two different kinds of lines, and hence different combinations of 
annealing and austempering times, were tested for different line speeds. A schematic 
overview of the different kinds of combinations is given in Table III-3. The CAPL is a 
Continuous Annealing and Processing Line to produce grades, which can be 
electro-galvanized subsequently (“ZE” grades), and the Continuous Galvanizing Line (CGL) 
is a hot dip galvanizing line for the production of galvanized grades (“Z” grades). Figure III-3 
shows the difference between a CGL, CAPL and salt bath simulation. The most important is 
the much faster heating and cooling rate when a salt bath is used to simulate the different 
annealing cycles. This difference was considered as not to influence the final mechanical 
properties. 

Table III-3: Combinations of annealing and austempering times. 

Line Type Line speed IA time, s IBT time, s 

CAPL Slow 209 448 

Medium 157 351 

Fast 125 280 

CGL Slow 52 14 

Fast 36 10 
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Figure III-3: Schematic of the difference between a CGL, CAPL and salt bath annealing simulation. 

The mechanical properties were determined by tensile testing on an Instron 5569 with an 
initial crosshead speed of 45 x 10-3 mm/s, which was increased to 45 x 10-2 mm/s at a strain 
of 3.4 %. The results were also used to study the strain hardening behaviour. 

III.3 Transformation kinetics 

III.3.1 Phase transformation temperatures 

The Ae1 and Ae3 temperatures, i.e. the start and end of the α-γ transformation during heating, 
were calculated with Thermo-Calc® (Figure III-4) and the results were compared with values 
obtained by dilatometry. 
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Figure III-4: Equilibrium austenite fraction as a function of temperature. 

Dilatometry samples were first heated up to 1200 °C at a rate of 10 °C/s to determine the Ac1

and Ac3 temperatures (Figure III-5). The thermal dilatation was determined for both the 
ferrite and the austenite and the transformed fraction was calculated. The measured starting 
transformation temperatures were compared with the equilibrium phase boundaries predicted 
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by means of the Thermo-Calc thermodynamic software. The results for four TRIP steels are 
summarized in Table III-4. It can be seen that the theoretical equilibrium Thermo-Calc 
calculations give Ae1 transformation temperatures below the actual measured transformation 
start temperature. This is very likely due to the starting microstructure9. The measured Ac3

temperatures are mostly higher than the calculated ones. The heating rate is the main reason 
why thermodynamic equilibrium is not reached during heating. As a consequence the 
measured Ac3 temperature should be higher. The effect of phosphorous on the transformation 
temperatures is minor. The low Si ─ low Al steel (LL) has much lower transformation 
temperatures. This was expected as a lower Al content enhances the ferrite to austenite 
transformation. In case of the high Si ─ high Al steels (HH and HH-noP), the contraction of 

the sample due to the α to γ transformation, of which the latter phase has the highest density, 
is compensated to a large extent by the thermal expansion. 
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Figure III-5: Dilatation versus temperature for the determination of Ac1 and Ac3 temperatures.  

Table III-4: Measured and calculated transformation temperatures. 

Steel Ac1 (dilato) Ae1 (theor.) Ac3 (dilato) Ae3 (theor.) 

HL 744 690 1020 830 

LL 710 704 910 871 

HH 720 710 950 946 

HH-noP 730 715 973 974 

III.3.2 Intercritical annealing (IA) 

For each steel type four different temperatures were chosen in the intercritical region. The 
specimens were heated using a heating rate of 10 °C/s to the intercritical annealing 
temperature and held at this temperature for 600 s. They were then further heated to a 
temperature of 1200 °C before cooling down to room temperature. Applying the lever-rule to 
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the dilatation data results in a graph representing the evolution of the austenite fraction as a 
function of annealing time (Figure III-6). It can be seen that a large fraction of the austenite is 
formed during the first 50 seconds of the intercritical annealing and that it takes several 
minutes to obtain the equilibrium phase fractions thereafter. The P-alloyed TRIP steels have 
somewhat faster transformation kinetics than the non P-alloyed one. 
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Figure III-6: Influence of the intercritical annealing temperature on the austenite fraction: (a) HL, (b) 
LL, (c) HH, (d) HH-noP. 

A comparison between the Thermo-Calc® equilibrium data and the dilatometry data after a 
600 s annealing is shown in Figure III-7. It is clear that the HL and LL TRIP steels reach 
equilibrium after 600 s annealing. For both HH steels, the material is in equilibrium at the 
lower annealing temperatures, but shows more austenite at higher temperatures than 
predicted by the Thermo-Calc curves. Mahieu1 found similar results for a CMnSi, CMnAl 
and CMnP TRIP steel. This is very likely due to the limitations of the available database. 
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Figure III-7: Comparison between Thermo-Calc® equilibrium data (open symbols) and the 
dilatometry data (closed symbols): (a) HL, (b) LL, (c) HH, (d) HH-noP. 

The evolution of the ferrite to austenite transformation during intercritical annealing was 
fitted to the JMAK-equation: 

1-fγIA = exp (-k tn) (III.1) 

In this equation, k is the rate constant and depends on the isothermal holding temperature. 
The parameter n is the time exponent, varying with the time dependence of the nucleation 
and growth rate and the shape of the second phase particle. Usually for the same type of 
transformation, e.g. the pearlite transformation, at different temperatures, n has 
approximately the same value. The fitting is shown in Figure III-8. 
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Figure III-8: ln(ln(1/1-fγIA)) plot for the HH steel annealed at 790 °C. 

If the transformation mechanism is unique, a plot of ln(ln(1/1-fγIA)) as function of ln(t) must 
result in a single straight line with a slope equal to n and an intersection with the Y-axis equal 

to ln(k). It can be observed that the ln(ln(1/1-fγIA)) is always described by two straight line 

segments, indicating that the formation process of γ cannot be described by means of a single 
mechanism. The intersection between the two line segments occurs at shorter annealing times 
for an increasing intercritical temperature. The two processes are very likely also related to 
the starting microstructure. The transformation of a ferrite-pearlite mixture into austenite 
starts at a high rate with the formation of austenite in the pearlite areas. After the pearlite has 
transformed, austenite formation continues as the proeutectoid ferrite transforms at a much 
slower rate into austenite1. In addition, Mn and Si partitioning between the ferrite and 
austenite phase takes place. In practice, these two processes overlap. 

III.3.3 Isothermal bainitic transformation (IBT) 

Samples were isothermally heated for two minutes in the intercritical range at the 

temperature where a phase mixture containing 50 % α and 50 % γ was obtained. After 
heating to this temperature and a two-minute holding, the samples were quenched to three 
different isothermal bainitic austempering temperatures. It was found that a quenching rate > 
35 °C/s was high enough to prevent pro-eutectoid ferrite formation. The variation in 
dilatation signal was monitored to obtain relevant information on phase transformations 
occurring during cooling and isothermal holding. The increase in dilatation caused by the 
formation of bainite was then recalculated for each steel and temperature to obtain the 
progress of the bainite transformation. Transformation kinetics as function of IBT time is 
shown in Figure III-9. 
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Figure III-9: Dilatometric curves recalculated as IBT progress plots as function of IBT time. 

The fastest kinetics is observed for the HH-noP TRIP steel which contains the highest 
amount of Al. This can be explained by the fact that Al is a very strong ferritizing element, 
resulting in a higher Ae1 temperature. This results in a higher driving force for the bainite 
transformation. Figure III-9 shows that the transformation rate is the slowest for the HH TRIP 
steel at an IBT of 300 and 500 °C. At an IBT of 400 °C the transformation proceeds at the 
same speed in the three steels studied. The decrease in transformed fraction, which can be 
observed for the HH-noP TRIP steel at 300 °C, does not imply the occurrence of a re-
transformation to austenite. It is caused by a decrease in dilatation, which by means of the 
lever-rule is erroneously converted to a decrease in transformed fraction. It does indicate a 
contraction of the sample, which can be attributed to different processes. Possible processes 
related to this phenomenon are the precipitation of cementite and/or the expulsion of carbon 
out of the over-saturated bainite phase, both of which can lead to a decrease of the specific 
volume1. 

Salt bath samples were heat treated using a thermal cycle comparable to the one used in the 
dilatometry tests and were characterized by means of X-ray diffraction to study the influence 
of IBT parameters on the amount and composition of the retained austenite phase. The 
volume fractions of retained austenite and its carbon content, calculated on the basis of XRD 
measurements, are shown in Figure III-10. 
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Figure III-10: Retained austenite vol% and its carbon content as function of IBT time: 
(a) HH-noP, (b) LL, (c) HH TRIP steel. 

The highest amounts of retained austenite were measured for the LL and HH TRIP steels, i.e. 
the steels alloyed with phosphorous. Comparison of the HH-noP and HH steels makes clear 
that the added P stabilizes the retained austenite at longer austempering times at the three 
different temperatures tested. The maximum amount of retained austenite was found for the 
shortest austempering times for the non-P TRIP steel. The P alloyed grades had the highest 
amount of retained austenite at about 100 s of austempering. It must be mentioned that for 
austempering times longer than 100 s the amount of retained austenite decreased much faster 
for the LL grade than for the HH grade. This is a very important observation as it implies that 
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the beneficial effect of P, higher retained austenite stability, will only be observed if enough 
Si and Al are present.  

The retained austenite carbon content of the HH-noP and HH grades increases as the 
austempering time increases. This is an indication for the fact that the bainitic transformation 
is not completed after 900 s austempering. In case of the LL grade the carbon content 
remains stable at about 1.3-1.4 m%. 

Figure III-11 shows the total amount of carbon situated in the retained austenite. The 

intercritical annealing temperature was chosen to obtain 50 % γ in the microstructure. The 
carbon content in the ferrite phase was assumed to be equal to the solubility value, i.e. 
0.01 m%. The retained austenite in the HH-noP and HH steel has the lowest C and the 
highest Si content. Both steels show a more or less horizontal curve for all austempering 
times and temperatures. The LL grade, having the lowest amount of Si and Al and the highest 
amount of C, shows a decreasing curve as the austempering time increases. This means that 
the amount of Si is not sufficient enough to effectively suppress retained austenite 
decomposition and carbide formation. 
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Figure III-11: Total amount of carbon in the retained austenite phase: (a) HH-noP, (b) LL, (c) HH 
TRIP steels. The bulk carbon content is indicated on the graphs as well. 
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III.4 Mechanical properties 

III.4.1 Continuous Galvanizing Line (CGL) 

A comparison between the LL and HL qualities was made in order to determine the influence 
of the Si content. The addition of an extra 0.14 m% Si results in an average increase of the 
tensile strength of about 60 MPa (Figure III-12a). It is thought at the moment that the well-
known solid solution strengthening of Si explains the increase in tensile strength13, 14. 
Although the increase in strength cannot be only attributed to the effect of Si as it is known 
that 1 m% Si results in an additional strength of 80 MPa. In this work the strengthening effect 
is five times larger, which may be due to a hitherto unreported synergetic effect between Si 
and P. The Si addition seems to have only a slight influence on the yield strength (Figure 
III-12b) and total elongation (Figure III-12c). When the fast annealing cycle of the LL and 
HL steel are compared, an appreciable decrease of the yield strength, 40 MPa and a minor 
decrease (sometimes smaller than the standard deviation) of the elongation, 1.5 %, is 
noticeable. The comparison of the results for the three different combinations of times and all 
the combinations of intercritical annealing and bainitic holding temperatures, clearly 
illustrates the robustness of these alloying concepts.  

A comparison between the LL and LH qualities was made in order to determine the influence 
of the C content in combination with the Al content. By lowering the C content with 0.05 
m% and increasing the Al content with 0.24 m%, the tensile strength decreases substantially, 
by 100 MPa (Figure III-13a), the yield strength decreases slightly, by 30 MPa (Figure 
III-13b), especially for the shorter annealing times, and the total elongation improves 
noticeably, around 3 % (Figure III-13c). For the longer times the difference in total 
elongation between LL and LH increases as the intercritical annealing temperature increases. 

The difference in ultimate tensile strength between both materials can be traced back to the 
difference in carbon content. Carbon being the most important solid solution strengthening 
element in these TRIP steels. In this case a decrease of 0.05 m% resulted in a reduction of 
100 MPa of the tensile strength. The difference in yield strength is probably also related to 
the C content. Part of the difference in total elongation between both materials is very likely 
due to the difference in strengthening due to the carbon content. Industrial experience has 
shown that this can only account for maximum 1 % elongation difference. So other factors 
are playing a role. The difference in Al content between both materials may be the 
controlling factor. Increasing the Al content from 0.6 to 0.9 m% will certainly have a positive 
influence on the retained austenite stability and thus on the total elongations. This will 
definitely be the case at longer annealing times and higher austempering temperatures as both 
enhance the austenite decomposition. 

The HH steel can be compared with the HL steel to investigate the effect of an increased Al 
content in combination with a decreased C content. Only the data for an intercritical 
annealing temperature of 770 °C were available. It is shown in Figure III-14 for the HH steel 
that the tensile strength decreased, the yield strength increased compared to the HL steel and 
that the total elongation has values in the same region as the HL steel. 
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Figure III-12: Comparison of the mechanical properties of the high Si – low Al (HL) and  
low Si – low Al (LL) steels on a Continuous Galvanizing line: (a) tensile strength, (b) yield strength, 
(c) total elongation. The x-axis shows the combination of intercritical annealing TIA and austempering 

temperature TIBT. 
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Figure III-13: Comparison of the mechanical properties of the low Si – low Al (LL) and  
low Si – high Al (LH) steels on a Continuous Galvanizing line: (a) tensile strength, (b) yield strength, 
(c) total elongation. The x-axis shows the combination of intercritical annealing TIA and austempering 

temperature TIBT. 
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Figure III-14: Comparison of the mechanical properties of the high Si – low Al (HL) and  
high Si – high Al (HH) steels on a Continuous Galvanizing line: (a) tensile strength, (b) yield strength, 
(c) total elongation. The x-axis shows the combination of intercritical annealing TIA and austempering 

temperature TIBT. 
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III.4.2 Continuous Annealing and Processing Line (CAPL) 

As in the case of the CG line simulations, an increase in the Si content leads to an increase of 
the tensile strength (Figure III-15a). At the same time, the total elongation increases with 2 % 
(Figure III-15c). It is necessary to remark that this difference is rather small (less than the 
standard deviation) for several combinations of intercritical annealing and austempering 
temperatures. The yield strength is more influenced by the austempering temperature than by 
the Si content (Figure III-15b). The influence of the austempering temperature is much more 
pronounced for the CAPL as the austempering times are much longer than in the CG line. 

The combined effect of lower C content and an increase in Al content can be determined by 
comparison of the LL-LH and the HL-HH steels (Figure III-16 and Figure III-17). A decrease 
of the C content by 0.05 m% results in a decrease of the tensile strength of 100 MPa. In the 
case of the HL and HH steels the decrease is smaller, 20 MPa to 60 MPa. The different 
austempering temperatures used for the HH steel, namely 375 and 425 °C, could explain this. 
It is seen in Figure III-16 that for an austempering temperature of 375 °C the tensile strength 
is higher than at 425 °C. Comparison with the amount of retained austenite content (cf. 
III.5.2) makes clear that at 375 °C the amount of retained austenite is significantly lower than 
at 425 °C. This decrease can be an indication for the formation of a small volume fraction of 
martensite with higher strength. The yield strength is also influenced by the difference in 
C+Al content. A decrease of the C content results in a decrease of 80-100 MPa. As can be 
seen in Figure III-17b, the yield strength of the HH steel does not depend much on the 
austempering temperature. The increase of the Al content leads to a robust steel for 
processing on a CAPL with long austempering times. 
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Figure III-15: Comparison of the mechanical properties of the high Si – low Al (HL) and  
low Si – low Al (LL) steels on a Continuous Annealing and Processing Line: (a) tensile strength, (b) 

yield strength, (c) total elongation. The x-axis shows the combination of intercritical annealing TIA and 
austempering temperature TIBT. 
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Figure III-16: Comparison of the mechanical properties of the low Si – low Al (LL) and  
low Si – high Al (LH) steels on a Continuous Annealing and Processing Line: (a) tensile strength, 

(b) yield strength, (c) total elongation. The x-axis shows the combination of intercritical annealing TIA

and austempering temperature TIBT. 
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Figure III-17: Comparison of the mechanical properties of the high Si – low Al (HL) and  
high Si – high Al (HH) steels on a Continuous Annealing and Processing Line: (a) tensile strength, 

(b) yield strength, (c) total elongation. The x-axis shows the combination of intercritical annealing TIA

and austempering temperature TIBT. 
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III.4.3 Strain hardening behaviour 

In addition to the mechanical properties, the strain hardening behaviour of the steels was 
investigated. The strain hardening coefficient, n, was calculated as function of the strain by 

means of the equation 
)(lnd

)(lnd
n

ε
σ= , where σ is the true stress and ε is the true strain. 

From Figure III-18 it can be seen that the n value of all the CGL cycles is high and decreases 
with increasing strain. For the CAPL cycles a difference between the bainitic austempering 
temperatures could be found. Austempering at 375-400-425 °C results in a flat curve of the n-
value (Figure III-19a) while austempering at 460 °C results in a decreasing n-value (Figure 
III-19b). The flat behaviour of the n-value is characteristic for a TRIP steel with good 
mechanical properties, i.e. with high uniform elongations. 
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Figure III-18: Overview of the n-value of the different steel compositions on a CGL, TIA = 800 °C, 
TIBT = 460 °C (TIA = 770 °C for the HH steel). 
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Figure III-19: Overview of the n-value of the different steel compositions on a CAPL, TIA = 800 °C: 
(a) TIBT = 400 °C (425 °C for HH), (b) TIBT = 460 °C. 
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III.4.4 Summary of the mechanical properties 

An overview of the obtained mechanical properties of the four tested steels is given in Table 
III-5. Producing a TRIP800 steel on a CGL is possible for both LL and HH steels. The best 
properties are obtained for an annealing temperature of 770 – 800 °C. the production of a 
TRIP800 on a CAPL is possible with the HH steel composition. The high Al and Si content 
are necessary to get enough stable retained austenite after the long austempering process. 

Table III-5: Overview of the mechanical properties. 

Steel Processing Line Rm>780 MPa 440 <Re< 560 MPa A80>22 %

CGL Ok Not Ok Ok 
HL 

CAPL Ok Not Ok Ok 

CGL Ok Ok Ok 
LL 

CAPL Ok Ok Not Ok 

CGL Not Ok Not Ok Ok 
LH 

CAPL Not Ok Not Ok Ok 

CGL Ok Ok Ok 
HH 

CAPL Ok Not Ok Ok 

III.5 Retained austenite 

The amount of retained austenite depends very much on the type of annealing cycle. It is 
clear from Figure III-20 and Figure III-21 that long austempering times, i.e. in the order of 
minutes, result in lower amounts of retained austenite, while austempering times of less than 
1 minute result in a higher retained austenite content. As it is mentioned by Girault et al.15, 
extended holding times in the bainitic temperature region result in the precipitation of 

carbides. The carbon content in the retained austenite phase, Cγ, calculated by means of XRD 
measurements (cf. II.3.2), varies between 1.4 and 1.7 m%. 

III.5.1 Continuous Galvanizing Line (CGL) 

For the LL and the LH steels, an austempering time of 14 seconds results in a retained 
austenite content which is 3 % to 6 % higher than for an austempering time of 10 seconds, 
except for the combinations 770 °C – 460 °C and 830 °C – 490 °C. For the HL steel, a longer 
austempering time results in more retained austenite for an annealing temperature of 770 °C. 
In the case of higher annealing temperatures, shorter austempering times are required to have 
a high retained austenite content. The influence of the austempering time on the LL grade is 
limited. 
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For CGL annealing cycles, there is a good correlation between the amount of retained 
austenite and the total elongation. 

For the low Al grades, the tensile curves for the 830 °C intercritical annealing show no yield 
point elongation, which indicates the presence of martensite in the microstructure. This 
observation is in agreement with the lower content of retained austenite. 
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Figure III-20: Comparison of the retained austenite content on a Continuous Galvanizing Line. 
The x-axis shows the combination of intercritical annealing TIA and austempering temperature TIBT. 

III.5.2 Continuous Annealing and Processing Line (CAPL) 

It is clear from Figure III-21 that the influence of both austempering time and temperature are 
minor. This can be explained by the fact that an austempering time of several minutes 
invariably results in the decomposition of the retained austenite. 

This effect is smaller for a high Al composition combined with a high Si content (comparison 
of the HL and HH grades) than for compositions with a low Si content (comparison of the LL 
and LH grades). The influence on the amount of retained austenite of the Si content in 
combination with a high Al content (comparison of the LH and HH grades) is smaller than in 
combination with a low Al content (comparison of the LL and HL grades). This leads to the 
conclusion that minimum amounts of Si of 0.4 - 0.5 m% and of Al of 0.9 m% are necessary 
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to obtain a steel with the most stable retained austenite with respect to changes in processing 
temperatures and times.  
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Figure III-21: Comparison of the retained austenite content on a Continuous Annealing and 
Processing Line. The x-axis shows the combination of intercritical annealing TIA and austempering 

temperature TIBT. 
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III.6 Microstructure 

An overview of the LePera etched microstructures of the four different steel grades is given 
in Figure III-22. As the annealing temperature increases, the amount of intercritical austenite 
and so the amount of bainite (dark brown/green constituent) increases. The ferrite grains 
(light brown/green grains) are somewhat smaller for the high annealing temperatures as there 
was more austenite formed during the annealing cycle. The retained austenite (white phase) 
is homogeneously spread over the microstructure and has a grain size of 1-3 µm. The 
differences between the different steel compositions are minor. In certain cases the 
microstructure had a banded appearance, which is due to the Mn content16. 

To compare with the non P-alloyed TRIP steel, Figure III-23 shows the microstructure of the 
material annealed at 830 °C for 120 seconds and 400 °C for 300 seconds. The ferrite and 
retained austenite grain sizes are larger than in the case of the P-alloyed TRIP steels. 
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770 °C + 400 °C 800 °C + 400 °C 
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10 µm10 µm10 µm

HL 

LH 

HH 

Figure III-22: TRIP microstructure after CAPL annealing cycle (TIA = 770°C / 800 °C, tIA = 125 s, 
TIBT = 400 °C, tIBT = 280 s). 
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10 µm10 µm10 µm

Figure III-23: Microstructure of the HH-noP steel annealed at 830 °C for 120 s and 400 °C for 300 s. 

III.7 Conclusions 

The main conclusions resulting from this chapter are as follows: 

� The addition of phosphorous resulted in higher amounts of retained austenite, which 
remained stable for longer austempering times, compared to the non P-alloyed TRIP steel. 

� It was found that Si and P had a synergetic effect. The addition of 1 m% of Si resulted in 
an increase in tensile strength which was five times larger than reported in the literature, 
namely 420 instead of 80 MPa. 

� The influence of the austempering temperature was much more pronounced for the CAPL 
line simulation, as the austempering times were much larger than in the CGL simulations. 

� The n-values of the CG line samples reached a maximum at the start of the stress-strain 
curve and then decreased. For the CAPL cycles a difference was found between different 
austempering temperatures. Austempering at 375 – 400 – 425 °C resulted in a stable 
strain-insensitive hardening, while austempering at 460 °C resulted in a decreasing n-value. 

� A minimum amount of 0.4 - 0.5 m% of Si or 0.9 m% of Al were necessary to get a steel 
with robust values of retained austenite which were not much influenced by changes in 
processing temperatures and times. 

� The retained austenite particles were very small in size and formed isolated islands. A 
significant influence of the chemical composition and the heat treatment on the location and 
the morphology of the retained austenite could not be detected. 

� Aluminium is known to improve the galvanizability of the TRIP material. In addition, 
replacing Si by Al increased the total elongation but lowered the tensile strength. 
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IV Chapter IV: Evaluation of the static stress-strain behaviour of P-
alloyed TRIP steels  

CHAPTER IV 

Evaluation of the static stress-strain behaviour of P-alloyed 
TRIP steels 

IV.1 Introduction 

Recently, computer simulations of the stress-strain curves for various types of steels (ferritic, 
martensitic, pearlitic, dual phase) have been proposed. A majority of these models is based 
on standard Hollomon and/or Ludwig-type laws1, 2, 3, 4, 5, 6, 7, 8, 9, 10 and some models are 
physically-based11, 12, 13, 14, 15, 16, 17, 18, 19, 20, 21, 22, 23. Very few investigations are available for 
TRIP steels11-13. 

A simplified overview of the deformation model for two-phase materials is given by Öström 
et al.24 For two-phase materials two simple limiting models exist, i.e. the equal strain model 
and the equal stress model (Figure IV-1). The equal strain model is often assumed to be valid 
for fibre-reinforced materials when the stress is applied parallel to the direction of the fibres. 
A material consisting of sheets of the two phases on condition that the stress is applied 
normal to the sheets can fulfill the equal stress model. From pure geometrical considerations 
one has to conclude that for a material in which the hard phase is distributed as islands in a 
soft matrix, as in TRIP steels, an intermediate case is valid. This means that neither the 
strains nor the stresses are equal in the two phases.  
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Figure IV-1: Stress-strain curves of a ferrite, a martensite and a ferrite-martensite mixture. The lines 
AC, DE and FG correspond to three different models.
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The idea that neither the strains nor the stresses are equal in the two phases can also be 
understood by use of the stress-strain curves of ferrite and martensite. It is seen in Figure 
IV-1 that at a large strain of the mixture the equal strain case requires an altogether too large 
strain in the martensite. However, the volume fraction of martensite is reasonable. This 
volume fraction is given by the ratio of the distances AB and AC. The equal stress case 
seems to be totally unrealistic since it requires a very small volume fraction of ferrite 
(DB/DE), which undergoes an extremely large strain.

For the intermediate case the following equations are useful: 

σc = Vf σf + Vm σm (IV.1) 

εc = Vf εf + Vm εm (IV.2) 

with c the mixture or composite, f the ferrite, m the martensite and V the volume fraction. If 
the stress-strain states of both phases are known, then the stress-strain state in the mixture is 
given by these equations. This meaning of the equations is that the stress-strain state of the 
mixture is situated on a straight line (FG) which connects the stress-strain states of the two 
components and that the volume fraction of martensite is given by the ration FB/FG. A 
problem is that the slope of the line FG may vary with mixture strain and with different 
components of the mixture. The slope of the line FG is given by the parameter q: 

mf

mfq
εε
σσ

−
−

= (IV.3) 

When the value of q is maximal, the iso-strain condition is approached. 

It is well-known that numerous and often coupled parameters influence the mechanical 
stability of the dispersed retained austenite and, by consequence, the ductility of TRIP 
steels12. The main parameters are the chemical composition, the grain size and the stress 
state. The optimisation of the mechanical properties of advanced multiphase steels with a 
complex microstructure requires a detailed, physically based model of the behaviour of the 
deformation and transformations that may occur during mechanical testing. Bouquerel et al.25

have developed a model for the static mechanical behaviour of Si and Al-alloyed TRIP steels 
which takes into account the composition, morphology and the behaviour of each constituent. 

The model of Bouquerel et al. for multiphase high strength low alloy TRIP steels has two 
major characteristics: the model parameters are physically meaningful and their value is 
determined by fitting model calculations to experimentally determined properties of the 
isolated phases. The transformation kinetics for retained austenite was determined 
experimentally, taking the temperature and the compositional effects into account, and 
integrated in the Olson–Cohen34 equation. The properties of the TRIP steel were modelled 
using an original approach which involves combining the constitutive equations of the 
different constituents by means of the successive application of a two-phase mixture law. 
This model allows for a detailed description of the behaviour of each phase separately within 
the multiphase microstructure during a tensile test. 



Chapter IV 

73 

In the current chapter, experimental stress-strain curves for the P-alloyed HH TRIP steel and 
the model of Bouquerel et al. were combined to obtain the behaviour of the different TRIP 
constituents, i.e. polygonal ferrite, bainite and the M/A constituent during straining. 

In a first section, an overview of the formulas used in the model will be given. The 
adjustment of the model to the P-alloyed HH TRIP steel will be given in a second section. 

IV.2 Description of the model 

The model for the stress-strain behaviour of TRIP steel is based on the behaviour of the 
isolated constituent phases, with a successive application of a mixture law for two-phase 
steels. Figure IV-2 schematically describes how the stress-strain curve of a TRIP steel is 
simulated in the model. The TRIP steel consists of two main constituents: polygonal ferrite 
and bainite. The bainitic constituent can, in turn, be decomposed into bainitic ferrite and the 
M/A constituent. Finally, the M/A constituent is a two-phase mixture of retained austenite 
and martensite. In order to model the TRIP behaviour, a deformation model was first 
developed for each constituent and correlated with experimental results for this constituent. 
The data thus obtained for a single constituent were combined in three successive stages 
making use of a Gladman-type mixture law for two-phase steels. 
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Figure IV-2: Comparison of the complex TRIP microstructure decomposed into its various 
constituents. 

IV.2.1 Basis of the model 

During tension, the macroscopic stress σ and strain ε can be calculated from the shear stress 

for the current microstructural state, τ, and the amount of crystallographic slip, γ, as follows: 

MM /,. γετσ == (IV.4) 



Evaluation of the static stress-strain behaviour of P-alloyed TRIP steels 

74 

where M, the Taylor factor, is independent of the grain size. The plastic behaviour of metals 
is usually described by models which assume that the shear stress is given by an equation of 
the type: 

),,( Tγρττ &= (IV.5)

where τ is the micromechanical shear stress, γ&  the micromechanical strain rate, T the 

temperature and ρ the local dislocation density. In order to describe the evolution of the 
stress-strain curves during plastic deformation, this equation is complemented with a relation 
between the shear strain and the dislocation density: 

)T,,(f
d

d γρ=
γ
ρ

& (IV.6) 

Equation (IV.6) expresses the fact that the evolution of the dislocation density with strain 
depends on the hardening of the material and on dynamic recovery.  

The shear stress τ can be decomposed into two components: one related to the lattice friction 

τ0 and another one related to the dislocation interactions: 

ραμ+τ=τ b0 (IV.7) 

In this equation, b is the magnitude of the Burgers vector, ρ �is the dislocation density, µ is the 

microscopic shear modulus and α is a numerical factor that characterizes the 
dislocation-dislocation interaction. 

Equation IV.4 is used to relate the shear stress variation, 
γ
τ

d

d , to the evolution of the 

dislocation density with deformation, 
γ
ρ

d

d . According to the Mecking-Kocks theory, change in 

dislocation density results from the competition between the rate of production of 

dislocations, 
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(IV.8) 

The strain hardening, which is due to the accumulation of dislocations, depends on the mean 

distance λ that a dislocation can glide before it encounters an obstacle. This is generally 
expressed as: 

bd

d

λγ
ρ 1=⎟⎟
⎠

⎞
⎜⎜
⎝

⎛
+

(IV.9) 

When several obstacles can hinder the dislocation movement, the mean free path is given by: 

∑=
i iλλ

11
(IV.10) 
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where λi is the mean free path corresponding to a specific obstacle. In case of materials that 
deform only by dislocation glide, these obstacles are mainly the grain boundaries and the 
distance between dislocations: 

ρ
λ

k
d

+= 11
(IV.11) 

where k is a constant and d the grain size. 

The 
−

⎟⎟
⎠

⎞
⎜⎜
⎝

⎛
γ
ρ

d

d  term, which is the dislocation annihilation term, corresponds to dynamic 

recovery: two dislocations, with opposite burgers vectors, will attract each other if they are 
close to each other, and annihilate. This term strongly depends on the dislocation density and 
can be expressed as: 
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where f is the dislocation annihilation constant. 

Equation (IV.8) is frequently written in the following form22, 26-33: 
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(IV.13) 

When modelling the stress-strain curves of TRIP constituents, equation (IV.13) was 
combined with equation (IV.4) and equation (IV.7). In these equations, k and f are fitting 
parameters. The burgers vector b and the grain diameter, d, are constants. 

IV.2.2 Model for the M/A constituent 

The strain-induced martensitic transformation in the martensite-austenite (M/A) constituent 
during cold deformation requires a specific model. Since the initial austenite islands 
transform to a M/A constituent, the separate behaviour of the martensite and the austenite 
constituents was taken into account and coupled to a strain-dependent evolution of the phase 
ratio in the M/A constituent. Several hypotheses were made for the description of the M/A 
microstructure. 

Both the austenite and the martensite were assumed to have a spherical shape. This implies 

that the volume of a retained austenite grain, Vγ, is given by: 

3

6 γγ
π

dV = (IV.14) 

where dγ  is the grain diameter. The use of a spherical shape, simplifies the analytical solution 
of the model, and it is recognized that it is also a simplification of the real morphology of the 
M/A constituent. However, it was expected that it could not have a critical impact on the 
behaviour of the microstructure during the early stages of the transformation, when the TRIP 
effect is dominant. 
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The volume fraction of martensite, fα’, was determined by using an Olson–Cohen34 law: 

[ ]( )nf )exp(1exp1' αεβα −−−−= (IV.15) 

In this equation α is related to the volume fraction of shear–bands and β is related to the 
probability that a shear–band intersection will lead to the formation of a martensite nucleus. 
The value of n is related with the number of shear–band intersections per unit volume of 
austenite. Samek et al.34 found that n=2 for TRIP steels.  

In the description of the M/A behaviour it was also assumed that a martensitic grain with a 
spherical shape grew inside an austenitic island during straining. In order to model the 
properties of the M/A structure, the size of each constituent was considered to change during 
straining. As can be deduced from equation (IV.15), this results in a strain dependent grain 
size for the retained austenite described by the following equation: 

3
'1.)( αγγ ε fdd init −= (IV.16) 

where dγ init is the initial grain size of the austenite. 

The evolution of the martensitic grain size was described by assuming that the total volume 

of the M/A constituent remained constant at the initial value of 3

6 init
dγ

π . 

The stress-strain curve of the austenitic constituent was modelled by the Mecking─Kocks 

law. The mean free path λ was assumed to be equal to dγ , where dγ is strain dependent. 
Equation (IV.13) then becomes: 
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The strength of the martensite results from several different strengthening mechanisms: the 
solid-solution strengthening effect of the carbon and other alloying elements, the lath size, 
the dislocation density and carbide particles. The stress-strain curve of martensite in static 
tensile test condition is well described by a model that was developed by Rodriguez et al.35: 

=− 0σσ
fL

Mf
bM

)exp(1 εαμσ −−=Δ (IV.18) 

where L is the martensite grain size, which was considered equivalent to the martensite lath 

width in the present work. The yield strength of martensite 
'α

σ YS  was determined by 

Krauss36: 

C%wt10724.1413)MPa( 3
YS ×+=σ (IV.19) 

In order to obtain the true behaviour of the M/A constituent, the stress-strain curves for the 
remaining austenite and the martensite were combined, using a two-phase mixture rule, as is 
commonly done to describe multiphase material behaviour37, 38, 35. In the present case, the 
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approach was to use a Gladman-type39 power law for the M/A constituent, as expressed in 
equation (IV.20):

'
''

'
'/ .)1.( nn

AM ff αααγ σσσ +−= (IV.20) 

In this equation, fα’ is the fraction of martensite. σγ and σα' are the stresses in the austenite 
and martensite, respectively. 

The same type of Gladman-type mixture law was successively used to describe the 
stress-strain curves of the TRIP steels. The values of n’ were determined by fitting calculated 
stress-strain curves to experimental data. 

In the work of Bouquerel et al.25, two types of TRIP steel, namely a CMnAl and a CMnSi 
steel, were studied. Castings of the three phases in TRIP steel, i.e. polygonal ferrite, bainite 
and austenite, were made and the mechanical behaviour was modelled. These data were then 
combined to model the mechanical behaviour of the TRIP steel. It is self-evident that the 
grain size of the various constituents differs from the grain sizes that were measured when 
the constituents were studied separately. This feature was found to have a large influence on 
the value of the fitting parameters k and f. 

IV.3 Simulation of the P-alloyed TRIP stress-strain curve 

The Mecking─Kocks model27, 28 was used to model the mechanical behaviour of the different 
phases in TRIP steels:

ρασσ bGM+= 0   (IV.21) 
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In the present work, the following constants were used: α = 0.4; M = 3 (Taylor factor); 

Gα = 78500 MPa (shear modulus for BCC); Gγ = 72000 MPa (shear modulus for FCC); and 

bα = 2.48 10-10 m (Burgers vector in α-Fe), bγ = 2.58 10-10 m (Burgers vector in γ-Fe). The 
initial dislocation density was assumed to be 1012 m-2 in austenite, 1013 m-2 in bainitic ferrite 
and 3.0 1012 m-2 in polygonal ferrite. 

As the composition of the CMnSiAlP grade is a CMnSiAl steel with an extra addition of P 
and 0.05 m% less C, the k and f fitting parameters were chosen close to the ones obtained for 
the CMnSiAl TRIP steel for which experimental data of all different phases were available 
(Table IV-1). This table overviews the results on CMnSi and CMnAl TRIP steels as well25. It 
has to be remarked that the stress in the bainitic ferrite phase should always be higher than in 
the polygonal ferrite phase. This is an additional condition for the k and f parameters.  

Figure IV-3 makes clear that the model can predict the mechanical tensile behaviour of the P-
alloyed TRIP steel between 5 and 23 % engineering strain. The elastic part and the yield 
point elongation are not taken into account in this model. The model is only used for strains 
where the deformation is homogeneous. 
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Table IV-1: Input parameters for the stress-strain curves of the CMnSi, CMnAl and 
CMnSiAl 

 TRIP steels25. 

  
Yield strength, 

MPa 
Grain size, µm k f 

Polygonal ferrite 340 15 0.0015 2 

Bainitic ferrite 440 4 0.002 5 

Retained austenite 200 3 0 4 
CMnAl 

Martensite 900 0 - 10 

Polygonal ferrite 350 10 0.02 6.75 

Bainitic ferrite 420 2.5 0.023 5 

Retained austenite 200 2.5 0 4 
CMnSi 

Martensite 900 0 - 5 

Polygonal ferrite 320 15 0.010 3.75 

Bainitic ferrite 420 3 0.015 1.75 

Retained austenite 200 1 0 4 
CMnSiAl

Martensite 900 0 - 30 
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Figure IV-3: Experimental and modelled stress-strain curve for the CMnSiAlP TRIP steel. 
(Annealing treatment: 800 °C 209 ” + 425 °C 448 “) 

An overview of the different input parameters for the CMnSiAlP TRIP steel is given in Table 
IV-2. It has to be remarked that the stress in the bainitic ferrite phase should always be higher 
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than in the polygonal ferrite phase. This is an additional condition for the k and f parameters. 
The bainitic ferrite yield strength was changed as it was a fitting parameter. The grain size of 
the polygonal ferrite was fixed at 10 µm according to the grain size measured. The yield 
strength of the polygonal ferrite was chosen approximately the same as for the CMnSi TRIP 
steel; Bouquerel et al.25 showed that replacing Si by Al has no effect on the yield strength of 
ferrite. It is thus acceptable that the additional effect of 660 ppm P will have a minor effect 
on the yield strength of the ferrite phase. The yield strength of the austenite phase was chosen 
higher than the one for the CMnSi and CMnAl TRIP steels, namely 300 MPa instead of 200 
MPa. This value is an assumption as no accurate values are available in literature for the 
yield strength of austenite in P-added TRIP steel. The yield strength of the martensite phase 
is much higher as the one determined by Bouquerel et al.25 as the C content of the martensite 
phase in TRIP steels is higher at around 1.5 m%. The yield strength of the martensite phase 
was determined with equation IV.1936; a value of 2500 MPa was found. 

Table IV-2: Input parameters for the stress-strain curves of the CMnSiAlP TRIP steel. 

  Yield strength, MPa Grain size, µm k f 

Polygonal ferrite 300 10 0.015 4.3 

Bainitic ferrite 420 5 0.0012 2.3 

Retained austenite 300 3 0 4 

CMnSiAlP

n: 2-2-2 

Martensite 2500 0 - 5 

The evolution of the retained austenite – martensite transformation is shown in Figure IV-4. 
Up to 12 % engineering strain, the transformation progresses with the same speed. For larger 
strains the transformation slows down, as less suitable retained austenite islands are 
available. At the moment the tensile sample breaks, 30 % of the original retained austenite 
has not transformed to martensite. 
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Figure IV-4: Retained austenite to martensite transformation progress. 
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The strain partitioning between the separate phases in TRIP steels is important to evaluate the 
behaviour of the different phases during straining. The strain partitioning between the bainitic 
and the polygonal ferrite phase could be predicted. As there were no data available for the 
separate phases, i.e. bainite, retained austenite and polygonal ferrite, hypothetic stress-strain 
curves were calculated starting from the experimental data of the CMnSiAl TRIP steel. The k 
and f parameters of the CMnSiAlP were used as input for the CMnSiAl TRIP steel. The 
resulting curves are shown in Figure IV-5. 
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Figure IV-5: Predicted stress-strain curves for the ferrite and bainite phase of a CMnSiAlP TRIP steel. 
The model stress-strain curve of the CMnSiAlP TRIP steel is shown as well. The dashed lines show 

the strain partitioning between the ferrite and bainite phase during straining. 

The strain partitioning was calculated considering the stress in the ferrite phase of the 
modelled TRIP curve is equal to the stress of the predicted ferrite curve. The stress in the 
bainite phase of the modelled TRIP curve is considered equal to the stress of the predicted 
bainite curve as well. A line can be drawn through those three points showing the strain 
partitioning during straining and is given in Figure IV-5 for three selected strains by the 
dashed lines. It is clear that the bainite phase takes up a lot of stress and that the ferrite phase 
assimilates the strain. 

IV.4 Conclusions 

The model for the stress-strain behaviour of TRIP steel described in this chapter is based on 
the behaviour of the isolated constituent phases, with a successive application of a mixture 
law for two-phase steels. It is shown that the model can predict the behaviour of a CMnSiAlP 
TRIP steel. The model showed that there is a strong strain partitioning between the bainite 
and the ferrite. The modelling of the retained austenite to martensite transformation seems to 
be realistic. 
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CHAPTER V 

Microstructural investigation of P-alloyed TRIP steels 

V.1 Introduction  

The partial substitution of silicon and aluminium by phosphorous makes it possible to 
produce TRIP steels with a high strength combined with good formability. At the same time, 
these steel grades have several advantages compared to Si and Al TRIP steels. In first 
instance these alloys offer good galvanizing properties, which make them very interesting for 
the automotive industry. Secondly they offer an improved weldability, due to their lower 
carbon content. 

In this chapter, a brief overview will be given of the microstructural characterization of P-
alloyed TRIP steels. The first section will focus on Transmission Electron Microscopy 
(TEM). In a second section, detailed Electron BackScattering Diffraction (EBSD) 
measurements are reported; EBSD was used to study the orientation relations between the 
retained austenite phase and the ferrite or bainite phase. 

V.2 Materials preparation 

The intercritically annealed cold rolled material was made at the Laboratory for Iron and 
Steelmaking as described in section II.2. For the TEM analysis, the 1 mm thick cold rolled 
HH material (0.19 %C, 1.68 %Mn, 0.48 %Si, 0.84 %Al, 660 ppm P) was annealed at 770 °C 
for 65 seconds and austempered at 425 °C for 280 seconds (TRIP0 steel). Foils were selected 
out of the material and subsequently thinned by mechanical polishing to a thickness of 25 µm 
and electrochemically thinned with a Tenupol electro-jet polisher, using a solution containing 
95 vol% of acetic acid and 5 vol% of perchloric acid. 

The EBSD measurements were performed on two different TRIP steels (Table V-1). TRIP1 
is a Si steel with no Al additions annealed at 785 °C for 120 seconds and austempered at 425 
°C for 240 seconds. This material showed a tensile strength of 883 MPa and a total 
elongation of 15.8 % which was insufficient to have a reasonable TRIP effect. The TRIP2 is 
the HL steel of Chapter III, which was annealed at 800 °C for 120 seconds and austempered 
at 425 °C for 240 seconds. This material showed a tensile strength of 830 MPa and a total 
elongation of 27.6 %. The annealed material was slowly mechanically polished and no 
electrolytic etching was done. The OIM measurements were carried out on the plane parallel 
to the rolling and normal direction. 
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Table V-1: Chemical compositions of the TRIP steels used for OIM measurements, all values in m%. 
The vol% of retained austenite and its carbon content are given as well. A higher amount  

of Al results in higher retained austenite fraction which is more enriched in C. 

Steel grade C Mn Si Al P vol% γγγγR %CγγγγR

TRIP0 0.19 1.68 0.48 0.84 0.066 13.0 1.52 

TRIP1 0.26 1.62 0.51 0.08 0.070 2.6 1.26 

TRIP2 0.24 1.66 0.42 0.58 0.073 7.6 1.46 

V.3 Transmission Electron Microscopy 

Several high magnification images of the different phases in the TRIP microstructure are 
discussed in this section. Figure V-1 gives an overview of a ferrite grain with four dark 
islands in the interior of the ferrite grain. These dark islands could be identified as cementite 
carbides as can be seen in the SADP (Selected Area Diffraction Pattern) of Figure V-2. The 

electron beam was parallel with the [110]α direction (Figure V-2a). Calculation of 
d011 = 0.202907 nm resulted in a ferrite lattice parameter of 0.286954 nm. In Figure V-2b the 

electron beam was parallel with the [318]θ direction. In the cementite diffraction pattern, 
some ferrite spots were recognized and indicated with a circle. The analysis of the SADP 

yields interplanar distances of 0.1853 nm and 0.1546 nm, whereas the calculated 
122

d  and 

113
d  of cementite are 0.1867 nm and 0.1525 nm respectively. This microstructure is 

characteristic of the fact that pearlite formed during coiling after the hot rolling does not 
entirely disappear during the intercritical annealing. 
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Figure V-1: Bright field TEM images of a CMnSiAlP TRIP steel showing cementite particles 
embedded in a single ferrite grain. 
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Figure V-2: (a) SADP of the ferrite phase from Figure V-1; (b) SADP of the cementite phase (θ
carbide) from Figure V-1. 
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Figure V-3 gives an overview of two bainite grains surrounded by a ferrite phase. The SADP 
of the bainite phase of Figure V-3 can be seen in Figure V-4. The electron beam is parallel 

with the [102]α direction. Calculation of the ferrite lattice parameter resulted in 

aα = 0.296151 nm. The bainite laths are clearly visible; there is no retained austenite film 
between the laths. There is almost no misorientation between adjacent laths. The bainite 
phase is carbide-free and contains a very high dislocation density. The laths cross entirely the 
original intercritical austenite grains. In Figure V-3 two bainite – austenite interfaces were 

seen parallel to a <112> direction. Those nicely facetted αB – γ interfaces are observed 
frequently. 
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Figure V-3: Bright field TEM images of a CMnSiAlP TRIP steel. 
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Figure V-4: SADP of the bainite phase from Figure V-3. 
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Figure V-5: Bright field TEM image of the retained austenite phase in a CMnSiAlP TRIP steel. 
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Figure V-6: Bright field image of the bainite phase with carbides (left); SADP of this bainite phase, 
the indexed diffraction spots are defined as Hägg carbides Fe5C2 (right). 
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Figure V-5 gives an overview of a retained austenite grain surrounded by polygonal ferrite 
and bainitic ferrite. The appearance of the retained austenite grain is smooth with a darker 
grey contrast. The retained austenite grain contains very few dislocations. It can be seen that 
the intercritical austenite has a pronounced “blocky” microstructure. The phase boundary 
between the retained austenite and the bainitic ferrite is partly parallel with (402). The bainite 
phase has a very high dislocation density. Finally, the latter two phases are surrounded by the 
polygonal ferrite phase, characterized by a low dislocation density. 

The three main phases of TRIP steel can be recognized in Figure V-6. The bainitic ferrite 
looks like a single lath. In the SADP of the bainitic ferrite of Figure V-6, two phases could be 

separated. For the ferritic phase, the electron beam was parallel with the [102]α direction. 
Calculation of d211 = 0.112454 nm resulted in a ferrite lattice parameter of 0.275456 nm. In 
the middle of the diffraction pattern, four spots were recognized and could be indexed as 

Hägg carbide Fe5C2 assuming the electron beam was parallel to the [010]χ direction. The 
SADP yields interplanar distances of 0.2667 nm and 0.2745 nm, whereas the calculated d002

and d400 of Fe5C2 are 0.2506 nm and 0.2865 nm respectively. Apparently, bainite can contain 
some small amounts of low temperature transition carbides. In the upper right corner of the 
bainite phase a small retained austenite particle could be recognized. 

In Figure V-7 several zones are indicated. Two ferrite zones could be identified, namely α1

and α2. The SADP of the α1 zone is given in Figure V-8. This pattern could be indexed as a 

ferrite grain with the electron beam parallel with [011]α. The lattice parameter of the ferrite 

phase was 0.295838 nm. The α2 zone was also a ferrite grain with a lattice parameter of 

0.29464 nm, which matches the lattice parameter of zone α1 quite well. In this zone the 

electron beam was parallel with [111]α. On the right hand side of Figure V-7, two small 
retained austenite particles can be recognized. It should be mentioned that very often the 
retained austenite is located at the edges of the original intercritical austenite grain. The 
bainitic ferrite lath crosses the full intercritical austenite grain. 

The SADP of the bainitic ferrite zone is given in Figure V-9a. This complex diffraction 
pattern could be indexed as a combination of two ferrite grains, an austenite phase and a 
carbide. The green spots in Figure V-9b are coming from an austenite phase with a lattice 

parameter of 0.366663 nm with the electron beam parallel to [111]γ. The red and the blue 

spots are both related to a ferrite phase with the electron beam parallel to [100]α but are due 
to two ferrite grains with a small difference in orientation. Two unknown spots indicated by 
g1 and g2 are also clearly visible. The g1 vector corresponds to a reflecting plane with an 
interplanar spacing of d1 = 0.2456 nm. The g2 vector corresponds to an interplanar spacing 
of d2 = 0.2170 nm. The angle between both is 129°. Both reflections can be attributed to 

carbide reflections as the calculated (410) and (202) interplanar spacings of Hägg carbide (χ) 
are d410 = 0.2428 nm and d202 = 0.2190 nm. The small spots around the ferrite and austenite 
reflections may be due to double diffraction. 
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Figure V-7: Bright field TEM image of a CMnSiAlP TRIP. 
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Figure V-9: (a) SADP of the αB zone of Figure V-7, (b) indexed patterns of (a). The green spots are 

an austenite phase, the red and blue spots are two different ferrite grains and the grey spots are χ
carbide spots. 
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V.4 Texture development 

V.4.1 Introduction 

Cold rolled intercritically annealed TRIP steels are submitted to a two-step thermal cycle 
discussed in paragraph V.2. They are hot rolled with a finishing temperature of 850 °C, 
which implies that the hot rolling is completed in the fully austenitic phase region and below 
the temperature of no recrystallization, Tnr. The austenite is “pan-caked” and large strain 
accumulation occurs without static recrystallization. 

If all deformation occurs above Tnr, the austenite recrystallizes before it transforms. This 
gives rise to the formation of the cube recrystallization component in the austenitic phase 
(Table V-2). This cube component will transform afterwards to different transformation 
products1. If the austenite is deformed below Tnr, other deformation components will form in 
the austenitic phase and they will give rise to other transformation components1. 

Table V-2: Typical texture components for recrystallized and deformed austenite. From the different 

sets of Euler angles that are possible, those in the ϕ2=45° section are given. 

Component Miller indices Euler angles (ϕϕϕϕ1, ΦΦΦΦ, ϕϕϕϕ2) 

Cube {001}<100> (45, 0, 45) 

Brass {110}<112> (54.74, 90, 45) 

Copper {112}<111> (90, 35.26, 45) 

Goss {110}<001> (90, 90, 45) 

S {123}<634> (59, 36.7, 63.4) 

The main components in the pancaked austenite are the Brass and the Copper component. 
There are also other components which can be present such as Goss and S (Table V-2). Two 
texture fibres are defined. First of all the alpha-fibre, which starts at the Goss component and 
goes to the Brass component. And secondly, the beta-fibre, which starts at the Brass 
component, goes over the S-component and ends at the Copper component. 

Figure V-10 gives a 3D overview of the most important texture components and fibres in the 
FCC austenite in the Euler space.  
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Figure V-10: (a) Euler space indicating the most important texture components for the austenitic 

phase. (b) ϕ2=0°/90° and ϕ2=45° section of Euler space. 

Table V-3: Typical texture components and texture fibres for the ferritic phase. From the different sets 

of Euler angles that are possible, those in the ϕ2=45° section are given. 

Component Miller indices Euler angles (ϕϕϕϕ1, ΦΦΦΦ, ϕϕϕϕ2) 

H (rotated cube) {001}<110> (0, 0, 45) and (90, 0, 45) 

I {112}<110> (0, 35.26 , 45) 

E (E’) {111}<110> (0, 54.7, 45) and (60, 54.7, 45) 

F (F’) {111}<112> (30, 54.7, 45) and (90, 54.7, 45) 

- {554}<225> (90, 60, 45) 

RD-fibre <110>//RD (0, 0<Φ<54.7, 45) 

ND-fibre <111>//ND (0<ϕ1<90, 54.7, 45) 

Cube fibre <100>//ND (0<ϕ1<90, 0, 45) 
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Figure V-11: (a) Euler space indicating the most important texture components for the ferritic phase. 

 (b) ϕ2=45° section of Euler space. 

Figure V-11 gives an overview of the main texture components and fibres in the BCC ferrite 
phase. These components are also summarized in Table V-3. For low C steels, the texture of 
the cold rolled ferritic phase is characterized by the well-known deformation fibres: the 

RD-fibre (<110>α//RD) and the ND-fibre (<111>α//ND). During annealing the 

<111>α//ND-fibre is intensified at the expense of the <110>α//RD-fibre as a result of 
recovery and mainly recrystallization. During primary recrystallization, small BCC grains 
with random orientation are formed in the regions near the cementite particles, which are 
inhomogeneously deformed during cold rolling. During annealing the C content first rises in 
these small grains around the dissolving cementite particles, which leads to a local decrease 

of the transformation temperature. As a result, these α grains with random orientation are the 

first to transform to austenite2. The Brass {110}γ<112>γ and Copper {112}γ<111>γ texture 
components are favoured in the austenite phase, when the latter is formed from a 
recrystallized parent ferrite. 

At the present time, little data is available on the effect of substitutional elements such as 
Mn, Si and Al on the texture evolution during recrystallization and transformation. For low C 
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steels it was reported previously that an increase in dissolved Mn retards the kinetics of 
recovery and recrystallization in the ferrite3. Furthermore, there can be an interaction 
between Mn and C. As was shown by De Meyer4 the cementite can be enriched with Mn. It 

was observed that when the cementite is enriched with Mn, the intensities of the {111}α

components are increased while the {110}α intensities are decreased5. During cold rolling, C 
atoms are liberated from the cementite and condense on dislocations. This occurs because the 
binding energy of a C atom to a dislocation is higher than that of a C atom to the cementite 
lattice. The binding energy of a C atom to a Mn atom is higher than that of a C atom to a Fe 
atom. As a result, the amount of C that can be liberated from cementite during cold rolling is 
decreased when the Mn concentration in the cementite is increased. The enrichment of 
cementite with Mn also leads to a depletion of Mn in the ferrite matrix and this will further 
interact with the texture development6. Si also affects the texture. It was reported for high 
strength low C steel that the texture of the annealed sheet changed with the Si content from 

mainly the {111}α<110>α orientation for 0 % Si to the {554}α<225>α orientation for 1 and 2 
% Si steels7. There are also indications for an interaction between Si and Mn atoms. Silicon 
is reported to have a beneficial effect when the presence of dissolved Mn causes a 
degradation of the intensity of the texture7. 

Measured austenite textures are frequently reported for stable austenites of stainless steels 
and nickel-iron alloys and these are probably very different from the high C retained 
austenite present in low alloy TRIP steels. Transformation of the high C austenite to low C 
bainite, which is typical for cold rolled and annealed TRIP steels, is even more complex. 
Researchers have reported that in the case of the martensitic and low temperature bainitic 
microstructures, the orientation relations with respect to the parent austenite were consistent 
with the KS orientation relations, while the ferrite to austenite transformation is more 
compatible with the NW relations8. Furthermore, texture components are related to the phase 
composition, in particular of austenite, where Al and Si have an influence on the stacking 
fault energy and consequently on the texture. 

V.4.2 Textures of the phases in P-TRIP 

In Figure V-12 the Inverse Pole Figure (IPF) map of the TRIP2 steel (cf. Table V-1) is given. 
The three phases are shown on separate maps. The polygonal and bainitic ferrite are easily 
separated based on their grain diameter; grains with a grain diameter larger than 3 µm are 
considered as polygonal ferrite, the smaller ones are bainitic ferrite. In this material, about 50 
% of the microstructure was identified as polygonal ferrite, 44 % was bainitic ferrite and 6 % 
retained austenite. This fraction retained austenite was smaller compared to the one obtained 
by XRD measurements where an amount of 7.6 % was found. This may be due to the limited 
resolution of the equipment on the one hand and the small size of some retained austenite 
islands on the other hand. As can be seen in Figure V-12, many retained austenite grains have 
a green colour. This colour corresponds to <110>//ND orientations. Many bainitic ferrite 
grains are blue, i.e. <111>//ND orientations. This observation confirms the well-known 

<110>γ//<111>αrelation, which will be studied in detail below, and which is here illustrated 
by means of the correspondence between both pole figures shown in Figure V-13.  
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Figure V-12: IPF of the TRIP2 steel: (a) Bainitic ferrite, (b) polygonal ferrite, (c) retained austenite. 

Multiple OIM scans with step sizes ranging from 0.1 to 0.2 µm were performed on both TRIP 
steels in order to improve the statistical properties. From these scans, data for the three 
considered phases were exported and joined together. In order to improve the reliability of 
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the results, only data points with a confidence index (CI) of more than 0.05 were taken into 
account. Subsequently, all these data were used to calculate the orientation distribution 
function (ODF) for the three different phases. 

Figure V-13: (110) pole figure for the retained austenite of Figure V-12 (left), (111) pole figure for 
the bainite of Figure V-12 (right). 

The calculated ODF’s for the BCC phase are shown in Figure V-14. The bainite and the 
polygonal ferrite texture components have both the same intensity. This is different from the 
results reported by Hutchinson et al.9, which were determined on a hot rolled CMnSi TRIP 
steel, where the bainite texture was found to be sharper than the ferrite texture. It is also 
unexpected if one considers the textures in low C steels. The ferrite is expected to 
recrystallize while the bainite is a transformation product from the high temperature austenite 
formed during intercritical annealing. Since for low C steels, a transformation texture is 
typically weaker than a recrystallization texture, it would be expected that the ferrite texture 
is stronger than the bainite texture. Present results show that this is clearly not the case. 

The strong <110>α // RD-fibre of the polygonal ferrite could indicate that part of the high 
temperature austenite retransforms to ferrite during the quenching from the intercritical 
annealing temperature to the bainitic transformation temperature. However, other phenomena 
such as the influence of alloying elements such as Si, Al, Mn and P on the recrystallization of 
the ferrite may also play an important role. A strong rotated cube component is visible on the 
ODF of the bainitic ferrite. This component is a transformation product of the Brass 
component from the intercritical austenite. Since this rotated cube component is a 
transformation component, it is not visible in the ODF of the polygonal ferrite. Similar 
observations were made for the TRIP1 steel. 
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Figure V-14: ODF sections (ϕ2=45°) for the TRIP2 steel: (a) overall BCC, (b) polygonal ferrite, (c) 
bainite. Contour levels: 1.00 – 1.37 – 1.86 – 2.53 – 3.43 – 4.67 – 6.35 – 8.64 – 11.8 – 16.0. 

The ODF for the retained austenite phase for the TRIP1 steel is shown in Figure V-15. The 
dominant component in this texture clearly is the Brass component. The second most 
important component is the S component. These two components together with the Copper 

component form the β-fibre. There is a considerable intensity along this fibre, but this 
intensity decreases starting from the maximum intensity on the Brass component. The 
Copper component only appears to be a minor component with an intensity of about 1.5 

times random. The other “deformation” texture fibre, the α-fibre, including the Brass and 
Goss component, is also clearly visible. Here, as well, the intensity decreases starting from 
the Brass component and an intensity of about 3 times random remains on the Goss 
component. 
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Figure V-15: ODF (ϕ2 = constant) for the retained austenite in TRIP1 steel. 
Contour levels: 1.00 – 1.37 – 1.86 – 2.53 – 3.43 – 4.67 – 6.35 – 8.64 – 11.8 – 16.0. 

The TRIP2 steel displays a similar FCC texture as is shown in Figure V-16. Only 
deformation components are present and the maximum intensity is in this case as well found 

to be on the Brass component. The intensity distribution along the β-fibre shows that the 
intensity decreases along this fibre, but less steep than in the previous case, giving rise to a 
slightly higher intensity on the Copper component than in the previous case. The same 

remark also goes for the α-fibre. One component, visible on the ϕ2 = 0° and 90° section, that 
was not found in the TRIP1 steel is also found in this case. This component is found along 

the ϕ1 = 90° fibre and was identified as a near {102}γ<201>γ component. This is, however, 
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not a unknown component since it was also present in some TRIP steels discussed in 
previous work10. 
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Figure V-16: ODF (ϕ2 = constant) for the retained austenite in TRIP2 steel. 
Contour levels: 1.00 – 1.37 – 1.86 – 2.53 – 3.43 – 4.67 – 6.35 – 8.64 – 11.8 – 16.0. 

V.5 Orientation relations between ferrite and austenite 

V.5.1 Introduction 

Different crystallographic orientation relationships have been reported in the literature for the 
transformation of austenite into ferrite, bainite or martensite11, 12, 13, 14, 15, 16. An overview of 
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these different crystallographic orientation relationships is given in Table V-4. In this table, 
the orientation relationships are described by giving the corresponding crystallographic plane 
and direction in the two phases. For example for the Kurdjumov-Sachs (KS) relationship a 

{111}γ plane is parallel with a {110}α� plane and one <110> γ direction lying in this {111}γ

plane is parallel with a <111>α direction lying in the corresponding {110}α plane. This 
orientation relationship is schematically illustrated in Figure V-17. The other orientation 
relationships can be described in a similar manner.  

(111)fcc (011)bcc

[0-11]
fcc

[1-11]
bcc

aγ=0.363nm

aα=0.286nm
0.256nm

aα=0.286nm

(111)fcc (011)bcc

[0-11]
fcc

[1-11]
bcc

aγ=0.363nm

aα=0.286nm
0.256nm

aα=0.286nm

Figure V-17: Schematic illustration of the Kurdjumov-Sachs (KS) orientation relationship. 

Table V-4: Overview of the different orientation relationships between austenite and ferrite. 

Name 
Orientation 
relationship 

Number of 
variants 

<uvw>ωωωωmin

Bain (B)11
{100}γ // {100}α

<100> γ // <110>α

3 <1 0 0>45 

Kurdjumov-Sachs 
(KS)12

{111}γ // {110}α

<110> γ // <111>α

24 <0.97 0.18 0.18> 42.85 

Nishiyama-
Wasserman 

(NW)13

{111}γ // {110}α

<112> γ // <110>α

12 <0.98 0.08 0.20> 45.98 

Pitsch (P)15
{100}γ // {110}α

<110> γ // <111>α

12 <0.08 0.20 0.98> 45.98 

Greninger-
Troiano (GT)16

{111}γ // {110}α

<123> γ // <133>α

24 <0.97 0.19 0.13> 44.23 

Greninger-
Troiano’ (GT’)16

{110}γ // {111}α

<133> γ // <123>α

24 <0.19 0.97 0.13> 44.23 
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Table V-4 also gives the number of variants for each orientation relationship. In case of the 

KS relationship, there are four different {111}γ planes, each plane being parallel to a {110}α

plane. A {111}γ plane contains three different <110> γ directions and each <110> γ direction 

can be parallel to two different <111>α directions. Therefore, there are 24 different KS 
variants. The number of variants for the other orientation relationships can be deduced in a 
similar way. As an illustration, all the different variants for the three orientation relationships 
that will be utilised further on are summarized in Table V-5.  

Table V-5: The different variants for the KS, NW and Pitsch orientation relationships. 

Kurdjumov-Sachs  Nishiyama-Wasserman 

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//211

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//121

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//112

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//211

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//121

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//211

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//211

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//121

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//112

Variants 

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//112

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//121

( ) ( )αγ 110//111  and [ ] [ ]αγ 101//112
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Kurdjumov-Sachs (continued) Pitsch 

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//110

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//110

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//100  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//100  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//100  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//100  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//010  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//010 and [ ] [ ]αγ 111//101
Variants 

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//111  and [ ] [ ]αγ 111//101

( ) ( )αγ 110//010  and [ ] [ ]αγ 111//110

( ) ( )αγ 110//010 and [ ] [ ]αγ 111//110

( ) ( )αγ 110//001  and [ ] [ ]αγ 111//110

( ) ( )αγ 110//001 and [ ] [ ]αγ 111//110

( ) ( )αγ 110//001  and [ ] [ ]αγ 111//011

( ) ( )αγ 110//001 and [ ] [ ]αγ 111//011

A γ-α orientation relationship actually represents an orientation difference between two 
crystallographic orientations. Therefore, as was discussed in section II.3.4, this 

misorientation is most frequently described by means of an axis/angle pair <d>ω.
Consequently, the last column of Table V-4 gives the axis/angle representation with the 
minimum misorientation angle of the different orientation relationships.  

The Bain orientation relationship is the simplest orientation relationship, but it is never 
observed in real microstructures. Therefore, this orientation relationship serves as a first 
approximation or a reference point when the transformation of austenite into a BCC phase is 
studied. Mostly, the Kurdjumov-Sachs and the Nishiyama-Wassermann are used when the 
orientation relations between FCC and BCC phases are studied. Although there has been a lot 
of recent research17, 18, 19, 20, 21, 22, 23, 24, 25, concerning which of these orientation relationships 
prevails, there is still considerable debate on the relative importance of these orientation 
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relationships because the angular differences between the different orientation relationships 
is small which makes the experimental verification difficult. Recently, also other orientation 
relationships15, 16 were taken into account during the study of the crystallographic aspects of 
the FCC-BCC phase transformation17, 26. An overview of some features of all the different 
orientation relations is given in Figure V-18.  

10.52°

KS

Pitsch

GT’

Bain

GT

NW

2.85°

9.74°

11.06°

2.41°

5.26°

10.52°

KS

Pitsch

GT’

Bain

GT

NW

2.85°

9.74°

11.06°

2.41°

5.26°

Figure V-18: Schematic overview of all the variants of the KS, NW, Pitsch, GT and GT’ as how they 
would appear around one Bain variant on a {100}BCC pole figure. The misorientation between these 

relations together with an explanation of the different symbols is given on the figure. 

Figure V-18 illustrates how the different variants of the different orientation relationships 
would appear around one Bain variant on a {100}BCC pole figure. When the three Bain 
variants are shown on a pole figure, each of them is surrounded by eight KS and four NW 
variants, respectively. The crystallographic misorientation between two neighbouring KS 
variants is 10.52°, whilst the orientation difference between the Bain and a KS variant is 
11.06° and the orientation difference between the Bain and a NW variant is 9.74°. It is shown 
on Figure V-18 that the four NW variants occupy places exactly in the middle between two 
KS variants. Consequently, the misorientation between the NW variant and the two 
surrounding KS variants is 5.26°. The four remaining spots between two KS variants are 
taken by four variants of the Pitsch orientation relation. Although the corresponding 
crystallographic planes and directions are different when the Pitsch and NW orientation 
relation are compared, it can be seen from Table V-4 that there is a remarkable resemblance 
between the two orientation relationships when the axis/angle representation is considered. 
Moreover, the minimum misorientation angle is exactly the same and the different 
components of the misorientation axis are only permuted in a different order. Consequently, 
there is a considerable similarity between the distributions of the variants of these orientation 
relationships around a Bain variant. The Pitsch orientation relationship applies principally to 
precipitation in cubic systems, such as Cu-Cr and has been observed and reported by 
different researchers27, 28, 29, 30, 31. Although the Greninger-Troiano (GT) orientation 
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relationship is not frequently reported during the transformation of austenite, it is also 
displayed in Figure V-18. The GT variants, on the one hand, are located between pairs of KS 
and NW variants and the misorientation between the different variants is also given on the 
schematic illustration of Figure V-18. The inverse GT variants (i.e. GT’), on the other hand, 
are situated between pairs of KS and Pitsch variants. The analogy between the GT and the 
GT’ orientation relationship is also visible from the axis/angle representation that is shown in 
Table V-4. Similar remarks as for the correspondence between the NW and the Pitsch 
orientation relationship can be made here. 

Since the KS, NW and Pitsch orientation relationships are the most common observed in 

literature, in this work, the γ-α orientation relationships in P-TRIP steels are studied with 
respect to these orientation relationships. Moreover, the orientation differences between these 
orientation relationships and the GT orientation relationships make it difficult to make a 
distinction between them, due to the small orientation differences that arise during OIM 
measurements due to the imperfect fit between the measured and the indexed diffraction 
pattern. 

V.5.2 Experimental details 

OIM® scans with step sizes of 0.05 to 0.20 µm were carried out on an ESEM equipped with a 
LaB6-filament on specimens of the cold rolled and annealed samples of both materials, which 
were prepared by standard metallographic procedures (cf. II.3.4). At first, the materials were 
scanned for regions with a considerable amount of retained austenite. Subsequently these 
regions were scanned in greater detail using a step size of only 0.05 µm. The step size was 
taken this small because of the fact that the retained austenite islands were small 
(~0.5-1.5 µm). A greater step size would give rise to only very few data points for each 
retained austenite grain and would risk erasing the grain when performing data clean-up 
procedures. In the standard clean-up procedure a minimum grain size of three data pixels was 
applied.  

Figure V-19 shows an Image Quality (IQ) map of a small region on which a detailed scan 
was performed. It should be noted that this image does not reflect the topological features of 
an etched surface as e.g. in light optical microscopy or secondary electron SEM image. This 
image is reconstructed using the IQ factor calculated by the OIM software and grain 
boundaries are just those zones where the quality of the diffraction pattern is very poor, 
which is reflected by a very low IQ factor. A phase map of the same region is shown in 

Figure V-20. On this figure, all grain boundaries (ω > 5°) are marked in black. The retained 

austenite is coloured in red; the different BCC phases are white. The presumed intercritical α
– γ phase boundary is drawn in blue. Remark the relative absence of grain boundaries within 
the retained austenite islands. Multiple detail measurements were carried out on both 
materials in order to be able to improve the statistics of the studied data that were obtained 
from the measurement. The TRIP1 steel, in particular, required many measurements, because 
of the low fraction of retained austenite (2.6 vol%) in the material. The crystallographic 
features of 194 retained austenite grains and all its neighbours for the TRIP2 material and 
173 grains for the TRIP1 material were studied by collecting manually the crystallographic 
orientations of each retained austenite grain and all its neighbours. Subsequently, by making 
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use of a separate software code, the misorientations between the retained austenite grain and 
all its neighbours were evaluated for the presence of Kurdjumov-Sachs, 
Nishiyama-Wassermann or Pitsch orientation relationships. In order to do this evaluation, 
misorientations were calculated between the crystallographic orientation of the BCC 
neighbours and those of all the ideal KS, NW and Pitsch variants. The software program 
generated an output file that gave for each neighbouring grain which orientation relationship 
and which variant of this orientation relationship fitted best with the actual BCC 
crystallographic orientation and also the misorientation between this best fitting variant and 
the BCC orientation. These output files were studied in detail and provided valuable insight 
on the orientation relationships that determine the phase transformation during the 
intercritical annealing and overageing processes. At first, these data are studied to see if the 
retained austenite grain had a BCC neighbour with a crystallographic orientation close to one 
of the predicted KS, NW and Pitsch transformation products. Secondly, it was analysed 
which orientation relationship and which variant of this orientation relationship coincided 
with the predicted orientation relationships. In addition, some areas produced from the 
different OIM measurements were considered in more detail because they showed some 
particular features.

Figure V-19: Image Quality map of a selected region of the TRIP2 steel. 
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Figure V-20: Phase map of the same region as Figure V-19. All grain boundaries (ω > 5°) are in 
black. Retained austenite is in red, BCC phases in white. 

V.5.3 FCC-BCC orientation relationships in P-TRIP steels 

The calculated data were used, at first, to see which of all the neighbouring BCC grains fitted 
best with one of the predicted KS, NW and Pitsch transformation products of the retained 
austenite grains. Therefore, from each output file the minimum misorientation angle between 
this BCC grain and the ideal transformation product was gathered. The frequency distribution 
of these misorientation angles is plotted for both materials in Figure V-21 using a 5° interval. 
It can be seen that for both TRIP steels, almost 2 out of 3 retained austenite grains had at 
least one neighbouring BCC grain that was within a 5° misorientation of an ideal KS, NW or 
Pitsch transformation product. When a tolerance angle of 15° is considered, about 90% of the 
retained austenite grains had a neighbour close to a predicted transformation product.  

This degree of correlation between the actual crystallographic orientation of the BCC grain 
and the calculated transformation products is of course a good result, but the question why 
not all the retained austenite grains had a close KS, NW or Pitsch relationship with at least 
one of its neighbours is even more challenging. Therefore, a closer look was taken at the 
features of these retained austenite grains.  

At first, the confidence index (CI) of the data that were gathered from the OIM software as 
the representative crystallographic orientation for the BCC and FCC grains was considered. 
Since the BCC grains were large compared to the retained austenite grains, they were easier 
to measure and consequently their CI was very high, i.e. 0.5 or higher. The retained austenite 
was, however, more difficult to measure because of, on the one hand, the size of the retained 
austenite islands and, on the other hand, the limited SEM resolution, which was due to the 
use of a LaB6 rather than a FEG electron source. Therefore, an average confidence index was 
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calculated for all the retained austenite grains within each interval of Figure V-21. This 
average confidence index is also shown in Figure V-21. It is clear from these curves that the 
retained austenite grains that did not have a neighbour with a close correlation with an ideal 
KS, NW or Pitsch transformation product have a markedly lower CI. While within the first 
misorientation intervals, the CI of the retained austenite grains was reasonably high, i.e. 0.3 
or higher, the CI of the few retained austenite grains in the other intervals appears to be 
significantly lower. Moreover, the CI of the only retained austenite grain in the last interval 
for the TRIP1 steel appears to be 0, indicating that this grain was accidentally extracted from 
the software.  

A second reason, which certainly has an effect on the features that are deduced from the 
calculations, is that an OIM measurement only provides information of one 2D-section of a 
3D microstructure. Clearly, a retained austenite grain can and will have close-to KS, NW or 
Pitsch orientation relationships with neighbouring BCC grains in three dimensions, but part 
of these neighbours will remain undetected in a 2D-section. 

A third reason is found in the relationship that is observed between the number of 
neighbouring BCC grains a retained austenite grain has and the interval where this grain 
appeared in Figure V-21. It was found that grains that are found in the intervals with the 
lowest misorientation angle have an average number of neighbours between three and four, 
while grains in the intervals with the highest misorientation angle have on average between 
two and three neighbours. A closer inspection of the OIM maps reveals that many of the 
retained austenite grains from the high angle intervals are found to be surrounded by two 
polygonal ferrite grains and looking at all the output files learned that the polygonal ferrite 
can rarely be correlated with the retained austenite grains through one of the orientation 
relationships. This last feature is of course a self-evident consequence of the partial phase 
transformation that occurs during the two-step annealing cycle to which the studied materials 
are subjected.  
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Figure V-21: Misorientation angle distribution for both sets of grains, illustrating the orientation 
difference between a predicted and the best fitting measured BCC grain. The average Confidence 

Index (CI) of the austenite grains is given as well. 
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V.5.4 Evaluation of variant selection 

After considering which neighbouring BCC grains fitted best with one of the predicted KS, 
NW and Pitsch transformation products of the retained austenite, these data are investigated 
in more detail. This detailed study will focus mostly on those retained austenite grains that 
had a neighbour transformation product with the misorientation angle within the 0-5° 
interval. A higher tolerance angle might improve the statistics of the results and in studies 
where it is investigated if a certain misorientation relationship is followed, such as studies on 
selective growth during recrystallization32, often a tolerance angle of 15°, corresponding to 
the maximum misorientation of a low angle grain boundary, is used. In this case, however, a 
tolerance angle of 5° was chosen because this tolerance is, as was illustrated in Figure V-18, 
smaller than the maximum orientation difference between a KS and a NW or Pitsch variant, 
which is 5.26°.  

Figure V-22 displays a frequency distribution showing which orientation relationship 
provided the best prediction of the real crystallographic orientations of one of the BCC grains 
that were surrounding the retained austenite. This figure shows that the Pitsch orientation 
relationship is clearly the least dominant orientation relationship. This feature is in good 
accordance with all literature data, which always suggest a dominance of the KS or NW 
orientation relationship. In the present study, for both materials, the KS orientation 
relationship appears to be the more dominant one. This is in particular the case for TRIP2, 
where in nearly two out of three cases the KS relationship is observed. These observations 
should, however, also always be made with the necessary precautions. As will be shown in 
the next section, several retained austenite grains, which display a good correspondence with 
the ideal KS, NW or Pitsch orientation relationship with different BCC neighbours, are easily 
retrieved from the present data. This finding, combined with the small orientation differences 
between the different orientation relationships, may lead to the conclusion that the local 
environment of the grain, i.e. the interaction of the grain with its neighbours, plays a decisive 
role in which orientation relationship prevails.  

For the sake of completeness, Table V-6 provides an overview on how the relative 
importance of the different orientation relationships evolves with increasing tolerance angle. 
In both cases, the dominance of the KS relationship becomes somewhat stronger and the 
Pitsch orientation relationship clearly has the least importance. In the next paragraph, the 
data will be studied to see how the distribution between the different variants was for each 
orientation relationship. Since both TRIP steels show very similar results so far and in order 
to improve the statistics of the present data, the data of both TRIP steels were gathered when 
studying the possible occurrence of variant selection.  
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Figure V-22: Histogram showing for both materials which the orientation relationship was between 
the retained austenite grain and the best fitting measured BCC grain. Only those cases where the 

orientation difference was less than 5° were included.  

Table V-6: Overview showing for both materials and for several intervals of misorientation angles 
which the orientation relationship was between the retained austenite grain and the best fitting 

measured BCC grain. 

TRIP1 TRIP2 

0°-5° 0°-10° 0°-15° 0°-5° 0°-10° 0°-15° 

KS 46.9% 48.2% 52.2% 61.3% 62.4% 65.9% 

NW 35.4% 35.5% 31.9% 26.9% 23.5% 21.2% 

P 17.7% 16.3% 15.9% 11.8% 14.1% 12.9% 
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Figure V-23: Histogram showing the frequency of the different variants: (a) Kurdjumov-Sachs, (b) 
Nishiyama-Wassermann, (c) Pitsch orientation relationships. The horizontal line shows the expected 

number of variants in case of no variant selection.  

Figure V-23 shows the distribution of the different variants for the KS, NW and Pitsch 
orientation relationship. The data are the result of 126 KS, 72 NW and 34 Pitsch orientation 
relationships. Figure V-23(a) indicates that for the KS relationship all variants are present in 
the studied orientation data. Moreover, most variants have a frequency close to what could be 
expected if there would not be any variant selection. Figure V-23(b) shows that all NW 
variants are present as well. Here, a distribution that is even closer to the case without variant 
selection is found. It should be noted that the data for the NW orientation relationship are 
statistically better than for the KS or Pitsch relationship since this relationship is 72 times 
evaluated for 12 possible variants. Finally, Figure V-23(c) gives the distribution for the Pitsch 
orientation relationship. Here, one of the variants appears to be missing. This might be due to 
the smaller amount of measured Pitsch relationships. Despite the somewhat less statistics, 
most other variants seem to have a frequency close to the value for the case of no variant 
selection. All results shown in Figure V-23 give a strong indication towards a lack of variant 
selection, although a further study of the data might be necessary to provide additional 
support for this conclusion. 
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V.5.5 Detailed study of a few selected regions 

In this section, four different regions are selected from the detailed OIM measurements that 
were carried out on the TRIP2 material. These regions illustrate some characteristics of the 
studied microstructure, from which several examples could be found in the performed 
measurements. Moreover, the features that will be described below are retrieved from a 
measured region of only 144 µm2.  

Figure V-24 shows a retained austenite grain, coloured in red, and two bainitic 
transformation products of this grain, namely grain 1 and grain 2. These three grains are 
completely surrounded by a ferritic grain, namely grain 3, which had a diameter of about 10 
µm. Low and high angle grain boundaries are depicted in black on this figure. The study of 
the orientation relationships between the retained austenite and the surrounding BCC grains 
reveals that the orientation relationship between the austenitic island and the two bainitic 
grains are both close to a variant of the Kurdjumov-Sachs orientation relationship. The 
relation between grain 1 and the retained austenite was 2.5° away from a complete match 
with variant number 9 (Figure V-23(a)) of the KS relationship, while grain 2 appears to show 
a 5.9° difference with variant number 15 of the same orientation relationship. Although this 
is certainly not always the case a correlation could be made between the polygonal ferrite and 
the retained austenite. This polygonal ferrite grain has only a mismatch of 8.9° with yet 
another variant, i.e. number 12, of the KS relationship applied on the retained austenite. The 
analysis of the orientation relationships of this retained austenite grain clearly shows that 
features such as variant selection for a specific orientation relationship should be treated with 
the necessary precautions. 

2 µm

2

31

2 µm

2

31

Figure V-24: Retained austenite and some of its transformation products found within one polygonal 
ferrite grain. The retained austenite grain is in red, BCC grains are in white. All grain boundaries 

(ω > 5°) are in black.  
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Figure V-25 shows two retained austenite grains, namely grain A and grain B. These grains 
display an orientation difference of 17.4° with respect to each other, so they must originate 
from different intercritical austenite grains. Both grains have multiple BCC neighbours; 
grain A has 5 neighbours and grain B has 6 neighbours. Several of these grains are 
neighbours of both retained austenite grains, namely grain 2, grain 4 and grain 6. The size of 
the grains gives the indication that grains 1, 2, 4, 6 and 8 are bainitic transformation products 
that were formed during the second step of the annealing cycle to which the material was 
subjected. Grains 3, 5 and 7 are probably polygonal ferrite grains as they are larger than 3 
µm. The orientation relationships between the two retained austenite grains and all their 
neighbours was investigated and the results are shown in Table V-7. This table gives an 
overview of the different orientation relationships that are observed. The minimum 
misorientation angle, together with the active orientation relationship and variant number 
(Figure V-23) are also displayed in Table V-7.  
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Figure V-25: Two retained austenite grains and their neighbours. The retained austenite grains are in 

red, BCC grains are in white. All grain boundaries (ω > 5°) are in black. 
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Table V-7: Overview of the observed orientation relationships between two retained austenite grains 
and all their BCC neighbours. The minimum misorientation angle, together with the active orientation 

relationship and variant number (Figure V-23) are given. 

FCC grain BCC grain Misorientation Orientation relationship Variant number 

A 1 11.2° KS 21 

2 3.4° KS 3 

4 3.9° NW 1 

5 1.3° KS 11 

6 1.1° NW 2 

B 2 4.2° KS 5 

3 1.4° NW 6 

4 5.7° NW 2 

6 3.2° Pitsch 3 

7 7.8° KS 8 

8 9.5° KS 3 

From these results it is found that grain A shows a very good correspondence between the 
different predicted transformation products and almost all its neighbours. 4 out of 5 
neighbours have a misfit of less than 4 degrees. Both the Kurdjumov-Sachs and the 
Nishiyama-Wassermann orientation relationship appear to apply and different variants are 
observed. Grain B displays misfits below 10 degrees with all its neighbours. Moreover, all 
three orientation relationships, which are taken into account in this work, are found for this 
grain. Therefore, it can be deduced from these data that the performed analysis of the active 
orientation relationship when searching for the dominant orientation relationship should also 
be treated with the necessary precautions. It is most likely that the local environment of the 
grain, i.e. the grain-grain interactions and the possible presence of microstresses, play an 
important role during the phase transformation in “the selection” of a specific orientation 
relationship. 

On Figure V-26, two retained austenite grains are considered, namely grain A and grain B. In 
between them a bainitic grain is observed, grain 4. The orientation relationship between 
grain A and grain 4 appears to be variant number 7 of the Nishiyama-Wassermann 
orientation relationship. The misfit between the predicted BCC orientation and the measured 
one was 3.3 degrees. It was found that between grain B and grain 4 there was an orientation 
relationship with the same variant number of the same orientation relationship as between 
grain A and grain 4. Even the misfit between the predicted BCC orientation and the measured 
one was the same. When the crystallographic orientations of both austenite grains are 
compared, it was found that grain A and grain B are actually one and the same grain, i.e. 
originating from the same intercritical austenite grain. Apparently, this bainitic grain was 
formed inside the retained austenite grain. This feature was already observed previously 
when a TEM study was performed on a similar material (Figure V-3, Figure V-6, Figure 
V-7). 
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Figure V-26: Two retained austenite islands with a bainitic grain in between them. The retained 

austenite grains are in red, BCC grains are in white. All grain boundaries (ω > 5°) are in black. 

Figure V-27 consists of five retained austenite grains. At first, the crystallographic 
orientations of these grains were examined for possible correlations. It was found that the 
minimum misorientation angle between grain A and grain B was below 1°. Such an 
orientation difference can easily be attributed to the fitting of the diffraction pattern by the 
OIM software. Consequently, during intercritical annealing, grain A and grain B formed one 
intercritical austenite grain. The same conclusion follows when the orientations of grain D 
and grain E are compared. Therefore, these grains originate from one grain during 
intercritical annealing. The misorientation between grain C and grain B did not reveal a 
specific correlation, so there must have been a regular high angle grain boundary in between 
them during intercritical annealing. The misorientation between grain C and grain D consists, 
however, of the following axis/angle pair: [0.58 0.57 -0.58]59,9°, i.e. a nearly perfect twin 
correlation. The presence of a twin boundary in the austenite is not surprising since it was 
reported in literature21 that twin boundaries are typical for an annealed austenite 
microstructure and are understood to be generated by multiple twinning during the growth of 
austenitic grains during transformation.  
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Figure V-27: Microstructural detail with several retained austenite grains and their BCC neighbours. 
The retained austenite grains are in red, BCC grains are in white. 

All grain boundaries (ω > 5°) are in black. 

The analysis of the orientations of the retained austenite was followed by a study of the 
orientation relationships between these grains and their BCC neighbours. Grain 1 and 
grain 10 are polygonal ferrite grains. In fact, grain 1 is the same grain as grain 3 in Figure 
V-24. Of particular interest were the orientation relationships of the grains that are 
surrounded by what initially was one retained austenite grain. The software indicated that 
grain 3 displays a Nishiyama-Wassermann orientation relationship with a misfit 3.6° with 
grain A and a misfit of 2.9° with grain B, respectively. Grain 7 also shows a NW orientation 
relationship with grain D and grain E, with an orientation difference of 2.6° and 3.0°, 
respectively. The orientation relationship between grain C and grain 7 is of the KS type and 
has a misorientation of 2.8°. For the sake of completeness, it should also be mentioned that 
grain A and grain 2 are 1.5° away from an ideal KS relationship; grain B and grain 8 show a 
misfit of 1.1° with a prefect KS relationship and grain D and grain 6 are 3.4° from an ideal 
Pitsch relationship. 

V.6 Conclusions 

The detailed TEM and EBSD analyses lead to following conclusions: 

� The polygonal ferrite phase has a very low dislocation density and may contain some 
cementite particles. Those carbides are residues of the pearlite phase which did not 
completely transform into intercritical austenite during the annealing. 
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� The bainitic ferrite laths, with a very high dislocation density, contained some low 
temperature transition carbides. There seemed to be very little misorientation between the 
laths. Those laths cross the entire original intercritical austenite grain. 

� Two types of carbides were found. The cementite θ carbide was due to the partial reverse 

pearlite transformation phase, while the Hägg χ carbides appeared during the ageing of the 
bainite. 

� The retained austenite phase had a low dislocation density and has a “blocky” shape. No 
evidence for film-like retained austenite at bainite lath interfaces was found. The bainite – 
retained austenite phase boundary is often facetted. 

� A summary of the texture development is given in the following scheme: 
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� Different orientation relationships were considered during the study of the 
crystallographic features of the transformation of austenite into ferrite, bainite or martensite. 
In the present work, the Kurdjumov-Sachs, Nishiyama-Wassermann and Pitsch orientation 

relationship were used to study γ-α phase transformation in P-TRIP steels. Although it was 
found that there is a dominance of the Kurdjumov-Sachs orientation relationship and that 
there are no signs of variant selection in the present case, it is also demonstrated that these 
conclusions should be utilised with the necessary precautions.  

� Some evidence for twinning was found during the study of the misorientation between 
retained austenite grains. 

� The difference between the selected materials concerning the texture (OIM) and the 
microstructure (TEM) was minor. It seems that the difference in mechanical properties is 
only due to the different amount of retained austenite rather than a difference in the 
transformation behaviour and texture development. 



Chapter V 

117 

References 

1  R.K. Ray and J.J. Jonas, International Materials Review, Vol. 35, No. 1, 1990, p. 1. 

2  C. Klinkenberg, D. Raabe and K. Lücke, Steel Research, Vol. 64, No. 5, 1993, p. 262. 

3  H. Hu and S.R. Goodman, Metall. Trans., Vol. 1, 1970, p. 3057. 

4  M. De Meyer, Transformations and Mechanical Properties of Cold Rolled and Intercritically 
Annealed CMnAlSi TRIP-aided Steels, doctoral thesis, Ghent University, 2001. 

5  T. Suzuki and H. Abe, Proc. 6th Int. Conf. On Textures of Materials, Vol. 2, 1981, Tokyo, The Iron 
and Steel Institute of Japan, p. 797. 

6  R.K. Ray, J.J. Jonas and R.E. Hook, International Materials Review, Vol. 39, No. 4, 1994, p. 129. 

7  M. Sudo, S. Hashimoto and I. Tsukatani, Proc. 6th Int. Conf. On Textures of Materials, Vol. 2, 
1981, Tokyo, The Iron and Steel Institute of Japan, p. 1076. 

8  A.F. Gourgues, H.M. Flower and T.C. Lindley, Materials Science and Technology, Vol. 16, No. 1, 
2000, p. 26. 

9  B. Hutchinson, L. Ryde, E. Lindh and K. Tagashira, Materials Science and Engineering, Vol. A257, 
1998, p. 9. 

10  M. De Meyer, L. Kestens and B.C. De Cooman, Mat. Science and Techn., Vol. 17, 2001, p. 1353. 

11  E.C. Bain, Trans AIME, Vol. 70, 1924, p. 25. 

12  G. Kurdjumov and G. Sachs, Z. Phys., Vol. 64, 1930, p. 225. 

13  Z. Nishiyama, Sci. Rep. Inst., Tohoku Univ., Vol. 23, 1934/1935, p. 638. 

14  G. Wassermann, Archiv Eisenhüttenwesen, Vol. 16, 1933, p. 647. 

15  W. Pitsch, Acta Metall., Vol. 10, 1962, p. 897. 

16  A.B. Greninger and A.R.Troiano, Trans AIME, Vol. 140, 1940, p. 307. 

17  Y. He, S. Godet and J.J. Jonas, Acta Mat., Vol. 53, 2005, p. 1179. 

18  S. Zaefferer, J. Ohlert and W. Bleck, Acta Mat., Vol. 52, 2004, p. 2675. 

19  H.J. Bunge, W. Weiss, H. Klein, L. Wcislak, U. Garbe and J.R. Schneider, J. Appl. Cryst., Vol. 36, 
2003, p. 137. 

20  J.J. Jonas, Y. He and S. Godet, Scripta Mat., Vol. 52, 2005, p. 175. 

21  G. Brückner, J. Pospiech, I. Siedl and G. Gottstein, Scripta Mat., Vol. 44, 2001, p. 2635. 

22  B. Verlinden, Ph. Bocher, E. Girault and E. Aernoudt, Scripta Mat., Vol. 45, 2001, p. 909. 

23  M. De Meyer, L. Kestens and B.C. De Cooman, Mat. Science and Techn., Vol. 17, 2001, p. 1353. 

24  H. Réglé, N. Maruyama and N. Yoshinaga, Int. Conf. On Advanced High Strength Sheet Steels for 
Automotive Applications Proceedings, Colorado, June 2004, p. 239. 



Microstructural investigation of P-alloyed TRIP steels 

118 

25  C. Cabus, H. Réglé and B. Bacroix, Int. Conf. On Advanced High Strength Sheet Steels for 
Automotive Applications Proceedings, Colorado, June 2004, p. 259. 

26  J.J. Jonas, Y. He and S. Godet, Mat. Sc. Forum, Vol. 495-497, 2005, p. 1177. 

27  M.G. Hall, H.I. Aaronson and K.R. Kinsman, Surf. Sci., Vol. 31, 1972, p. 257. 

28  U. Dahmen, P. Ferguson and K.H. Westmacott, Acta Metall., Vol. 32, 1984, p. 803. 

29  C.P. Luo and G.C. Weatherly, Acta Metall., Vol. 35, 1987, p. 1963. 

30  R. Naik, C. Kota, J.S. Payson and G.L. Dunifer, Phys Rev B, Vol. 48, 1993, p. 1008. 

31  T. Fuji, T. Mori and M. Kato, Acta Metall Mater, Vol. 12, 1992, p. 3413. 

32  K Verbeken and L. Kestens, Acta Materialia, Vol. 51, No. 6, 2003, p. 1679. 



119   

VI CHAPTER VI: Stability and transformation kinetics of retained 
austenite 

CHAPTER VI 

Stability and transformation kinetics of retained austenite 

VI.1 Introduction 

As already mentioned in Chapter I, low alloy TRIP steels constitute a category sheet steel 
with enhanced formability, which arises from the TRansformation Induced Plasticity (TRIP) 
associated with small volume fractions of retained austenite present in their microstructure. 
These steels possess a multiphase microstructure consisting of ferrite, bainite and retained 
austenite, the retained austenite being present as particle dispersion. The most important 
parameter controlling the mechanical properties of TRIP steels is the thermodynamic stability 
of the retained austenite. Haidemenopoulos et al.1 developed a model for the stability of 

austenitic dispersion in low alloy Fe-C-Mn-Si triple-phase steels. They showed that the MS
σ

temperature was stress state dependent. Furthermore they showed that there is a strong 
chemical stabilization effect associated with C and Mn enrichment of the austenite particles, 
and the size of the retained austenite particles. 

The stability of homogeneous austenite against strain-induced transformation can be 

characterized by a single parameter, the MS
σ temperature, in much the same manner as the 

MS temperature is used to characterize the stability of austenite against transformation on 
cooling. 

The transformation kinetics of the retained austenite phase is mainly influenced by the size 
and morphology of the retained austenite particles (cf. I.2 p. 8). As can be seen in Figure 
VI-1 a smaller retained austenite grain size results in a higher retained austenite yield stress 
and in a smaller volume fraction of martensite. As a result the MS temperature decreases; the 

MS
σ temperature may decrease or increase depending on the relative change in the yield 

strength of the austenite and the stress dependence of the MS temperature. 
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Figure VI-1: The effect of the retained austenite grain size on the transformation kinetics. Small 
retained austenite has both a lower MS temperature and a high yield strength. 

Deformation can stimulate the kinetics of solid-state phase transformations through both the 
thermodynamic effect of the applied stress and the production of new martensite nuclei by 
plastic strain. These temperature ranges for the different interactions are schematically 
depicted in Figure VI-2 for the case of martensitic transformations 
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Figure VI-2: Schematic representation of stress-assisted and strain-induced regimes of mechanically 

induced martensitic transformation and definition of the MS
σ temperature2. 
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Spontaneous transformation at pre-existing nucleation sites occurs on cooling to below the 
MS temperature (point A). Stress-assisted nucleation on the same sites will occur at 
temperatures above MS at increasingly higher stresses for increasing temperatures as 

indicated by the solid line AC. At the MS
σ temperature, the stress reaches the yield stress for 

slip in the austenite phase (point C). Above MS
σ new nucleation sites are introduced by the 

plastic strain (line CE). As the yield strength of austenite decreases with increasing 
temperatures, the lowering of the stress for slip and the strain-induced transformation will 
result in a change of slope at the temperature dependence for the yield strength above point 

C. The temperature MS
σ is the boundary between the temperature regimes, which separates 

dominant modes of the transformation: whereas below MS
σ stress-assisted transformation 

occurs, above MS
σ strain-assisted transformation dominates. Above the Md temperature, the 

austenite is stable and no martensite is formed. 

The TRIP phenomenon is directly related to the stability of the retained austenite phase. 
Below the martensitic start temperature thermal martensite will be formed due to the 
chemical driving force. At a temperature above the MS temperature, the metastable austenite 

can transform to martensite because a mechanical driving force ΔGσ is added to the chemical 

driving force ΔGch. This is shown in Figure VI-3 for the binary Fe-C system with 1.5 % C. 

The martensite transformation will start if ΔGσ = ΔGch
Ms – ΔGch

RT = Gγ
Ms – Gα

Ms – (Gγ
T – 

Gα
T ). 
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Figure VI-3: Schematic representation of chemical and mechanical driving forces for a Fe – 1.5 % C 

system3. 

The chemical driving force ΔGch for the austenite to martensite transformation is a function 
of the chemical composition of the austenite (C, Mn, Si, Al, …) and the temperature. The 
stress and strain state of the retained austenite phase also influences its free energy. The 

mechanical driving force ΔGσ is stress state dependent due to the interaction of the applied 
stress field with the volume change accompanied with the transformation1. In dispersed phase 
materials the stability of the retained austenite islands in the strain-induced transformation 
range also depends on morphological features: the size of the retained austenite islands, the 
strength of the retained austenite, and the strength of the surrounding bainite and ferrite 
phases. 
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A change in the temperature dependence of the flow stress thus provides a convenient 

determination of the MS
σ temperature. The MS

σ temperature is then a quantitative 
characterization of the stability against stress-assisted transformation. Md is the temperature 
above which martensitic transformation cannot be induced by deformation. Due to the 

interaction between stress triaxiality and transformation volume change, the MS
σ and Md

temperatures are stress-state dependent. 

The first successful determination of the MS
σ temperature of retained austenite was made 

possible by Haidemenopoulos et al.4 in a tempered CMnSi steel alloyed with Ni, Cr and Mo 
by measuring the elastic limit as a function of temperature. A clear reversal of the 

temperature dependence of the elastic limit was observed and identified as the MS
σ

temperature. In other work, Haidemenopoulos et al.5 monitored the yield point behaviour and 
the associated strength-differential effect as a function of temperature. They concluded that 

the MS
σ temperature could be determined by the transition from smooth yielding to 

discontinuous yielding as the temperature was lowered in a Single Specimen-Temperature 
Variable-Tension Test (SS-TV-TT) technique. 

In the present chapter, the SS-TV-TT technique was used to determine the MS
σ temperature 

of retained austenite in different types of dispersed phase TRIP steels. In addition the kinetics 
of the strain-induced transformation was determined. 

VI.2 Materials preparation 

The chemical composition of the laboratory cast steels is shown in Table VI-1 and Table 
VI-2. The first steel is a standard CMnSi TRIP steel. The second composition is an 
alternative CMnSiAl TRIP steel with superior formability and excellent potential for hot dip 
galvanizing. The CMnAl is a TRIP steel where the Si is fully replaced by Al. Three TRIP 
steels alloyed with 700 ppm P were used, namely a CMnSiP steel and two CMnSiAlP steels. 
P was added to obtain the TRIP effect and allowed for a reduction of both the amount of Si, 
which has a negative effect on the galvanizability, and the amount of Al, which is detrimental 
for the castability6. 

Table VI-1: Chemical compositions of TRIP steels used for MS
σ determinations, all values are in m%. 

Steel grade C Mn Si Al P 

1. CMnSi 0.19 1.57 1.46 0.06 0.015 

2. CMnSiAl 0.30 1.53 0.30 1.13 - 

3. CMnAl1 0.12 1.54 0.017 0.91 0.016 

4. CMnAl2 0.18 1.56 0.021 1.73 0.017 

5. CMnSiP 0.26 1.62 0.51 0.078 0.075 

6. CMnAlP 0.24 1.66 0.042 0.86 0.073 

7. CMnSiAlP 0.24 1.66 0.42 0.58 0.073 
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Table VI-2: Chemical compositions of TRIP steels used for the determination of the transformation 
kinetics of the retained austenite, all values are in m%. 

Steel grade C Mn Si Al P 

1. CMnSi 0.24 1.61 1.45 0.03 0.006 

2. CMnSiAl 0.25 1.70 0.55 0.69 0.007 

3. CMnAl 0.22 1.68 0.09 1.49 0.012 

4. CMnSiAlP 0.19 1.68 0.48 0.84 0.066 

The SS-TV-TT was conducted on 1 mm thick cold rolled and intercritically annealed tensile 
samples in an isothermal test chamber fitted to an INSTRON 5569 tensile testing machine. 
The tests were conducted by flowing heated or cooled ethanol from a tank in the test chamber 
(Figure VI-4). The temperature of the ethanol was monitored continuously. The SS-TV-TT 
technique involved measuring the 0.2 % flow stress for a crosshead speed of 2.7 mm/min at 
different temperatures. Starting at a relatively high temperature (~ 30 °C), the specimen was 
strained up to the 0.2 % flow stress and a small amount of additional prestrain (0.5 %) was 
given to remove the yield point elongation which is due to the unpinning of dislocations in 
the ferrite phase. The sample was then unloaded and the temperature was lowered by 10 °C. 
The specimen was reloaded to measure the 0.2 % flow stress. The procedure was repeated at 
progressively lower temperatures. 
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Figure VI-4: Schematic representation of the experimental set-up. 

VI.3 Determination of MS
σσσσ temperature 

Two different types of SS-TV-TT behaviour were observed. The first type is represented by 
the set A of the curves in Figure VI-5 where the yielding is smooth as the test temperature is 
lowered. The set B of the curves represents the second type, where a clear yield point appears 
at some specific temperature as the test temperature is lowered. This behaviour is attributed 
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to the stress-induced martensitic transformation of the retained austenite. At temperatures in 
excess of 20 °C, the retained austenite is stable and the yielding is smooth. As the test 
temperature is lowered, the stability of the retained austenite decreases and the retained 
austenite transforms to martensite. The shape strain of the transformation causes a load 
relaxation leading to the appearance of a small yield plateau in the stress-strain curve. The 
effect is repeated at lower test temperature where the driving force for transformation is even 
higher. Smooth yielding resumes when all the retained austenite has been transformed. The 
observed yield points are attributed to the stress-induced martensitic transformation and the 

temperature at which the yield point phenomena appear is the MS
σ temperature. Note that the 

yield point phenomenon is different from the yield point associated with the static strain 
ageing of ferritic plain carbon steels7. 
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Figure VI-5: Schematic representation of the stress-strain curves obtained during the SS-TV-TT. 

The engineering stress strain curves for the conventional CMnSi TRIP steel and an AISI 301 
austenitic stainless steel are shown in Figure VI-6a. The 301 austenitic stainless steel is 
used for reason of comparison. This type of steel has a Md30 temperature at room temperature 

(+/– 23 °C) and the MS
σ temperature is low enough so that only strain-induced transformation 

occurs. After the initial straining at 30°C, the yielding is smooth for both steels. Whereas the 
301 steel continues to have a continuous yielding as the temperature is decreased, the CMnSi 
TRIP steel has a clear discontinuous yield point at test temperatures below 20 °C. 
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Figure VI-6: Stress-strain curves for the different steel qualities: a) CMnSi TRIP steel compared with 

an austenitic stainless steel AISI 301, b) CMnSiAl and CMnSiAlP TRIP steel, c) CMnAl1 and 
CMnSiP TRIP steel (The distance between two marks on the x-axis corresponds to 1 % engineering 

strain.). 

The yielding behaviour at lower temperatures is similar for the CMnSi, CMnSiAl, CMnAl2, 
and CMnSiAlP TRIP steels (Figure VI-6b). As the test temperature is lowered, a clear yield 
drop appears at 10 °C, which is gradually more pronounced as the temperature is further 
lowered. This observation may imply that the carbon content of the austenite is the same in 
all steels. The yield drop is due to the lower stability of the retained austenite at lower 
temperature, where it transforms to martensite. The shape deformation accompanying the 
martensitic transformation causes a load relaxation leading to the appearances of the yield 

drop in the stress-strain curve5. The MS
σ temperature was found to be 10 ± 5 °C for all 

compositions (CMnSi, CMnSiAl, CMnAl2 and CMnSiAlP).

The CMnAl1, CMnSiP and CMnAlP TRIP steels did not show a clear yield drop in the 
stress-strain curve (Figure VI-6c). Their smooth yielding behaviour is attributed to a low 
volume fraction of retained austenite (Figure VI-7) rather than the small size of the austenite 
particles, as the size of the retained austenite islands was comparable in all the steels used in 
the present study. 
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Figure VI-7: Amount of retained austenite after the two-step annealing cycle. 

VI.4 Stability of retained austenite 

Several models8, 9, 10, 11, 12, 13 have been presented to describe the kinetics of the austenite to 
martensite transformation. These models were originally developed for homogeneous 
austenitic alloys. Most of the models are for strain dependent martensitic transformation 
kinetics, which do not take stress into consideration. In the present contribution the 
Olson-Cohen model is used to describe the transformation of the dispersed austenite particles 
in TRIP steel. The formula of Olson-Cohen was originally made for single-phase austenitic 
steels but it can be used to describe the strain-induced transformation of retained austenite in 

TRIP steels too. The volume fraction fα’, which corresponds with the volume fraction of 
strain-induced martensite, will be, in this context, the fraction retained austenite transformed 
to martensite. 

Olson et al.14 developed a model to predict the austenite to martensite transformation 
kinetics, taking into account the physical phenomena involved in the austenite 

transformation. The model contains three physically meaningful parameters: α, β and n. In 
the Olson-Cohen model, shear-band intersections are considered to act as effective 
strain-induced nucleation sites. These shear-bands can be mechanical twins, stacking faults 

or ε plates. Assuming that the rate of increase of the number of shear-band intersections 
becomes progressively smaller as the strain increases, the volume fraction of shear-bands fSB

is related to the strain by:  

)exp(1fSB αε−−= (VII.1) 

In equation (VII.1), the shear-band volume fraction is governed by a temperature dependent 

parameter α representing the rate of shear-band formation. α is related to the intrinsic 

stacking fault energy. As a consequence, α is composition dependent and increases when the 
intrinsic stacking fault energy decreases. 

Olson et al.14 proposed the following equation for fα’, the volume fraction of strain-induced 
martensite:  
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where β is a temperature dependent parameter determined in part by the chemical driving 

force ΔGγ→α’, and related to the probability that shear-band intersections in austenite lead to 

the formation of α’ nuclei. The value of β is also directly proportional to the retained 

austenite grain size through (πd/4)2 where d is the mean grain diameter. The exponent n is a 
constant related to the number of shear-band intersections per unit volume of austenite. High 
n values imply that the number of shear-band intersections will initially be low and increase 

rapidly with strain. A schematic overview of the effect of the α and β parameters on the 
Olson-Cohen transformation curve is given in Figure VI-8. 
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fα'

sat,1

fαααα'

2
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Figure VI-8: Influence of the α and β parameters on the Olson-Cohen transformation curve. 

VI.4.1 Transformation kinetics 

Interrupted tensile tests were performed at different temperatures, varying from 10 to 100 °C. 
The fraction transformed austenite was measured using the magnetic saturation methodi. 

Three parameters in the Olson-Cohen formula are unknown, namely α, β and n. An exponent 
n = 2, which means a random orientation of shear-bands, is found to give the best overall 
agreement between the experimental results and the Olson-Cohen model. The saturation 
value is temperature dependent because the driving force for the martensite nucleation 

decreases as the test temperature increases. As there is no actual data for fα’ for strains larger 

than 0.25, a maximum value was introduced for the β parameter by calculating the martensite 
fraction at a strain equal to 1 using the Ludwigson-Berger formula9. The resulting fitting of 
the experimental data to the formula of Olson-Cohen is shown in Figure VI-9. It can be seen 
that the transformation rate decreases as the test temperature increases. 

                                               

i This method is based on the difference in the magnetic properties of the ferrite – bainite phase and the 
retained austenite phase in TRIP steels. 
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Figure VI-9: Fitting of the experimental data of the CMnSiAlP TRIP steel for different temperatures 
with the Olson-Cohen formula (TIA = 770 °C, tIA = 209 s, TIBT = 425 °C, tIBT = 448 s). 

The temperature dependence of the α and β parameters is shown in Figure VI-10. Both 

parameters decrease as the temperature increases. The α parameter is the highest for the Si 

TRIP steel. Si decreases the SFE resulting in a higher α value. C and Al increase the SFE. It 
would be expected that the material with the highest Al content or the highest carbon content 

have a low α value. This was not found in the present contribution. The CMnSiAlP TRIP 

steel shows the lowest α values at all temperatures. The contribution of P in the SFE also 

leads to an increase of the α parameter, which is in contradiction with the experimental data. 
A possible explanation may be found in the annealing cycle that was used. The annealing 
cycle of the non-P alloyed TRIP steels consisted of a 2 minutes intercritical annealing at the 

50 % α – 50 % γ temperature and a two minutes austempering at 460 °C. The CMnSiAlP 
TRIP steel went through a continuous annealing cycle involving annealing for 209 seconds at 
770 °C and austempering at 425 °C for 448 seconds. The retained austenite grain size of the 

latter is small and results in a more stable austenite phase. As a consequence the α parameter 
is lower. 
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Figure VI-10: Overview of the α and β parameter for different TRIP steels as a function of 
temperature. The test performed at 10 °C or lower is in the temperature region where stress-assisted 

martensite is formed. In this region the Olson-Cohen formule is not valid. 
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VI.4.2 Md30 temperature determination 

The Md30 temperature is commonly used to assess the stability of homogeneous austenitic 
steels because of the difficulty of experimentally determining the Md temperature. It 
corresponds to the temperature where 50% of the austenite is transformed to martensite at a 
strain of 30%. Transformation of the data of Figure VI-9 into a temperature-transformed 
fraction plot allows the determination of the Md30 temperature. The austenite in the CMnSi 
TRIP steel has the highest (95 °C) Md30 temperature, followed by the CMnSiAl TRIP steel 
(83 °C). The austenite in the CMnAl and CMnSiAlP TRIP steels have the lowest Md30

temperature of about 50 °C. A large temperature difference between the Md30 and MS
σ

temperatures corresponds to a decreasing stability of the retained austenite. 

The following Md30 equation was obtained by regression analysis: 

P6.293Al3.13Si1.7Mn2.79C0.286.7)C(M ret30d ⋅−⋅−⋅+⋅+⋅−=° γ  (VII.3) 

The C content of the retained austenite lowers the Md30 temperature. Whereas Mn and Si 
significantly increase Md30, Al and P decrease Md30. 

Both, the austenite stability derived from the Olson-Cohen transformation kinetics through 

the α parameter and the Md30 temperature, are related to the value of the intrinsic stacking 
fault energy15, 16. This is due to the fact that at lower intrinsic stacking fault energy, it is 
easier to form strain-induced martensite nuclei. The CMnSi and CMnSiAl TRIP steels have 
the lowest stability compared to the CMnAl and CMnSiAlP TRIP steels, because of their 
lower MS temperature and higher Md30 temperature. 

VI.5 Conclusions 

In this chapter it is shown that the SS-TV-TT technique is a suitable method to determine the 

MS
σ temperature for TRIP steels. A minimum amount of retained austenite of 8 % in the 

microstructure was necessary to determine the MS
σ temperature using the SS-TV-TT 

technique. Low amounts of retained austenite or small austenite island sizes result in a 

continuous stress-strain curve over the whole temperature range studied and no MS
σ

temperature could be determined in this case. The MS
σ temperature was approximately 

10 ± 5 °C for the CMnSi, CMnSiAl, CMnAl2 and CMnSiAlP TRIP aided steels. 

The transformation kinetics were investigated for the CMnSiAlP type TRIP steels and 
compared with CMnSi, CMnSiAl, CMnAl TRIP steels. The transformation rate was shown 

to decrease with increasing temperature due to a decreasing driving force ΔGγ→α’. The 

CMnSiAlP TRIP steel had the lowest α values at all temperatures, which implies that the 

intrinsic stacking fault energy is lowered by P additions. The β parameter is the highest of the 

four TRIP steels; so the formation of α’ martensite nuclei is favoured. 

The CMnSiAlP TRIP steel has the lowest Md30 temperature compared to the other Si and/or 
Al TRIP steels. 
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VII Chapter VII: Study of the metastable austenite and martensite by 
neutron diffraction 

CHAPTER VII 

Study of the metastable austenite and martensite by neutron 
diffraction 

VII.1 Introduction 

As was explained in paragraph I.3.6, the presence of carbide suppressing elements prevents 
the formation of carbides during the bainitic transformation so that the retained austenite is 
allowed to enrich in C. The martensitic start temperature MS of the retained austenite phase is 
close to room temperature. A survey of the available formulas for the MS temperature reveals 
that there is considerable disagreement for the MS temperature in the high C range. The 
presence of a small amount of athermal plate-type martensite in the TRIP microstructure can, 
therefore, not be excluded but it has never been reported for low alloy TRIP steel. 
Strain-induced martensite is formed in TRIP steels when the austenite is deformed at 

temperatures above the MS
σ temperature. This temperature is also very close to room 

temperature and the retained austenite is found to readily undergo strain-induced 
transformation to martensite. This property results in improved mechanical properties 
characterized by a combination of high strength and large uniform elongation. 

Most investigations on TRIP steels deal with the relation between the complex microstructure 
of TRIP steel and their mechanical properties. The focus of the experimental work is mainly 
the impact of the strength of the different phases and the distribution and size of the retained 
austenite islands on the mechanical properties. There are, however, still quite a number of 
fundamental questions about the microstructure in dispersed phase low alloy TRIP steels: 

� The precise quantitative analysis of the phases present in the microstructure;

� The exact determination of the carbon present in the retained austenite and in the bainitic 
ferrite;

� The structural characteristics of strain-induced high C Fe─C martensite and

� The static strain ageing processes in the phases present in TRIP steel.

X-ray diffraction is commonly used to determine quantitatively the volume fraction of 
retained austenite and the carbon content of the retained austenite1, 2, 3, 4, 5, 6, 7, 8. This makes it 
possible to evaluate the retained austenite stability, the MS and Mf (end of martensitic 
transformation) temperatures of retained austenite in TRIP steels, etc. The resistance of the 
austenite against strain-induced transformation also depends on the carbon content. The 
carbon content determines the mechanical properties of the austenite before the 



Characterization of the metastable austenite and martensite by neutron diffraction 

132 

strain-induced transformation and the mechanical properties of the martensite after 
transformation. Moreover, it is a parameter which determines the mechanical properties of 
the bainite phase and which is needed for the fundamental study of the bainitic 
transformation reaction. 

The phase analysis of TRIP steels by means of X-ray diffraction (XRD) by De Meyer et al.1

has revealed a number of anomalies. A typical example of XRD results for an alloy strained 
3, 10 and 20 % is shown in Figure VII-1a. As expected, the retained austenite peak intensities 
decrease and the intensity of the martensite peaks due to the tetragonal shape of the unit cell 

increases. It can be seen at the left side of the overlapping (002)α' and (200)α'/(020)α' peak, 

that the (002)α’ peak intensity is increased with increasing amount of deformation. An 

analogous effect is visible on the (112)α' peak, although it is much less pronounced. As 

expected, the (220)γ peak intensity decreases with increasing strain. The (002)α’ peak is 
commonly used to determine the c lattice parameter of the tetragonal martensite. The 
anomalies in the pattern are the following:  

� The carbon content of the martensite, calculated from the corresponding c/a ratio, where 
c and a are the martensite lattice parameters, is much lower than the carbon content of the 
parent austenite. De Meyer et al.1 calculated a carbon content for the martensite of 0.43 wt%, 
which is considerably lower than the carbon content found for the parent austenite phase 

which can be calculated using the lattice parameter aγ.

� There is a pronounced crystallographic texture in the retained austenite, which means 
that the austenite peak intensity is not proportional to its volume fraction. This point has been 
analysed previously1 and will not be discussed further.

� The presence of a peak in the 2θ range (θ: diffraction angle) of 31 - 32°, which is not 
influenced by the strain. In this chapter and the next one, annealing experiments will be done 
to identify the unknown peak.
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Figure VII-1: (a) Diffractogram for a C─Mn─Si TRIP steel, annealed at 770 °C for 240 s and 450 °C 

for 120 s, for different strains (Mo Kα radiation). (b) Volume change resulting from the Bain strain 

(η1 η2 η3 are the strains in the x, y and z direction of the unit cell) as a function of austenite C content 
and the corresponding c/a ratio. 

Figure VII-1b underlines the discrepancy between the lattice parameter of the austenite phase 
and the observed c/a ratio of the strain-induced martensite. A 1.5 % C austenite should 
normally transform to athermal plate-type martensite phase with a tetragonal unit cell with a 
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c/a ratio of ~1.07. This transformation is associated with a volume increase of 100(η1η2η3 – 

1) or 3.45 %, where ηi is the Bain strain component. For strain-induced martensite, the c/a 
ratio found on the basis of XRD is typically ~1.02 and the volume increase is ~3.7 %. It is 
clear that the manner in which the strain-induced martensite is formed should lead to both a 
lower axial ratio and a higher volume strain. It will be shown that the formation of the low 
c/a ratio strain-induced martensite does not result in the expected higher compressive 
straining of the parent austenite phase. 

The athermal martensite formation in Fe-C alloys is one of the best-studied fcc => bct / bcc 
solid-state structural transformations. One of the most striking characteristics is that this 
diffusionless transformation leads to the formation of a body centred tetragonal crystal 
structure when C > 0.2 % resulting in a c/a ratio of the body centred tetragonal unit cell. This 
tetragonal lattice distortion is due to the preferred localization of the C interstitials in a 
selected set of octahedral interstices of the stable bcc unit cell. Much of the work on ferrous 
Fe-C martensites has been focused on the ageing and tempering of athermal lath-type and 
plate-type martensite, rather than the mechanism of martensite formation. This is mainly due 
to experimental difficulties, which make it difficult to avoid auto-tempering, i.e. ageing 
during the Fe-C martensite formation. The data available for the mechanisms of martensite 
formation are therefore essentially for highly alloyed ferrous alloys such as e.g. the Fe-Ni-C 
system. The current understanding of the ageing and tempering of fresh athermal Fe-C 
ferrous martensites, based mainly on data obtained for high C Fe-C martensites with a C 
content in the range of 1.3 - 1.96 %, is as follows: 

� Ferrous martensites readily age at room temperature. The low temperature ageing process 
has been identified as a clustering of the interstitial C atoms. In this initial, pre-precipitation 
stage a re-arrangement of the interstitial C atoms in the martensite takes place9, 10, whereby 
the clustering of C atoms results in a modulated structure. As long as the clustering is not 
completed, the tetragonality of the martensite stays constant and, in the retained austenite, the 
C occupancy of the octahedral interstitial sites is non-random due to a strong repulsion 
between the C interstitials11.

� In the first stage of tempering, the transition orthorhombic η carbide Fe2C is formed12. In 
this stage the tetragonality of the martensite, i.e., its c/a ratio, decreases as the carbon 

multiplets coarsen to form η carbide precipitates11.

� In the second tempering stage (temperature > 200 °C) the retained austenite was 

originally reported to transform to ferrite and θ carbide, Fe3C
13. In more recent work, it was 

shown that the retained austenite transformed to ferrite and χ carbide, Fe5C2
14. Work on the 

tempered martensite embrittlement phenomenon in structural steels has shown that the 
austenite decomposition leads to a microstructure comparable to upper bainite15.

� The third and final stage of tempering of martensite, leads to a cubic martensite matrix 

and θ carbide, Fe3C
13.

� These stages have a considerable overlap in ferrous martensites. The temperature ranges 
in which each stage prevails and the tempering kinetics show a considerable composition 
dependence as a result of the manner in which alloying elements substitute for Fe in the 
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carbide. This is particularly true for the temperature range in which specific carbides are 

formed, e.g. the formation of coherent η carbide precipitates has been reported to occur at 
temperatures as low as 80 °C16. Very careful XRD experiments on Fe-Ni-C martensites17

have revealed that the clustering stage is followed by a stage in which large elastic distortions 
due to the coherency strain between regions with a high C content, or alternatively regions 

with coherent transition η carbide precipitates, and C depleted regions can lead to martensite 
with a small negative tetragonality. This microstructure may also explain the “tweed 
microstructure” often observed during transmission electron microscopy of ferrous 
martensites18.

The current understanding of the strain-induced transformation of metastable austenite is 
based mainly on the transformation in ferrous alloys with high contents of Mn, Ni and Cr. 
The following features of the strain-induced transformation in these alloys are generally 
agreed upon19, 20, 21: 

� The strain gives rise to a transitional hexagonal close packed (hcp) ε-phase, which acts as 

a nucleation site for the formation of bcc or bct α’ martensite.

� The α’ martensite nucleates at intersections of two ε bands or the intersection of an ε
band with twins or grain boundaries.

� These processes require that the alloys have a low stacking fault energy in order to insure 
the presence of isolated Shockley partial dislocations in the austenite. The shear associated 

with these partial dislocations, a/6 <112>γ, is also related to the primary shear required for 

the γfcc ⇒ α’bcc/bct and γfcc ⇒ εhcp ⇒ α’bcc/bct transformations.

� The γ ⇒ ε ⇒ α’ transformation path has been shown21 to result in the transfer of the 
carbon atoms present in the octahedral interstices of the austenite lattice to both octahedral 

and tetrahedral interstices in the final α’ lattice. This α’ phase is characterized by a low c/a 

ratio. This phase was first reported by Lysak et al.22, 23, 24, 25, who referred to it as κ’.

The formation, ageing and tempering of strain-induced martensite in high C metastable 
austenite phase containing small amounts of Mn and Si, which is present in a typical CMnSi 
TRIP steel microstructure, has not received much attention up to now. This is due to the fact 
that for observations under strictly controlled and reproducible conditions the MS temperature 
must be low enough. The high C CMnSi austenite found in TRIP steel is much less 
convenient for fundamental studies due to its relatively high MS temperature and very small 
grain size. A detailed study of the formation, tempering and ageing of athermal and 
strain-induced martensite in metastable austenite with the composition 1.8 % C – 1.5 % Mn – 
1.6 % Si, i.e., close to the composition of the retained austenite in a standard CMnSi TRIP 
steel, was therefore undertaken and the results are reported in the present chapter. 

VII.2 Materials preparation 

In order to study the intrinsic properties and the transformation behaviour of the retained 
austenite phase typical for TRIP steels, a laboratory casting was prepared with the 
composition corresponding to that of the carbon enriched metastable austenite, which is 
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present in a typical CMnSi TRIP steel microstructure. The composition of this austenite 
phase is as follows (m%): 1.87 C, 1.53 Mn, 1.57 Si.

Equilibrium phase diagram calculations showed that for this composition the homogeneous 
austenitic phase field ranged from 1050 to 1175 °C. The as-cast material was reheated to 
1140 °C for 30 min and hot rolled from an initial thickness of 28 mm to a final thickness of 
10 mm in two passes. Because of the narrow range of the austenite phase stability region, the 
material was reheated to 1140 °C for a few minutes after the first rolling pass, to ensure that 

the rolling was done in the γ phase field. After the second rolling pass, the material was water 
quenched to room temperature in order to obtain a metastable high C austenite 
microstructure. 

Small cube-shaped specimens, 1 cm x 1 cm x 1 cm, were cut out of the hot rolled material. 
Some of these samples were quenched in liquid nitrogen in order to obtain athermal 
martensite. Another set of samples was deformed in compression at room temperature in a 
forging simulator to obtain strain-induced martensite. The amount of compression was 30 %. 
In addition, both athermal and strain-induced martensite samples were annealed during 
20 min at a temperature of 170 and 300 °C to temper the martensite microstructure. The nine 
types of samples thus obtained were analyzed by neutron diffraction (cf. II.3.3). 

VII.3 Results 

VII.3.1 Austenite 

The as-produced austenite was polycrystalline with a small amount of primary athermal 
plate-type martensite present in the austenite grains. A fitting to a pseudo-Voigt function was 
used to determine the peak position of the different reflections. Several non-overlapping 
austenite diffraction peaks were taken into account to determine the austenite lattice 

parameter. The austenite lattice parameter, aγ, was calculated using the Nelson-Riley 

method26. The Nelson-Riley function gives a straight-line extrapolation for aγ over a wide 
range of diffraction angles (Figure VII-2). The austenite bulk phase had a lattice parameter of 

0.3632 nm. This agrees with the published value for the lattice parameters aγ
27, 28, 29, 30 of a 

high C austenite. After the annealing treatments at 170 and 300 °C, the decrease of aγ was 
less than 0.0001 nm. This is indicative for the fact that the retained austenite in TRIP steel is 
very stable against decomposition in a bainite and carbide phase mixture until at least 300 °C. 

After quenching in liquid nitrogen (–196 °C), aγ was 0.3625 nm. A large amount of athermal 
martensite was formed during quenching (~30 vol%). The athermal martensite has a larger 
specific volume than the parent austenite. As a consequence, the austenite grain in which the 
martensite is formed is expected to be in a compressive stress state and the lattice parameter 

aγ should decrease. During annealing the lattice parameter aγ increased. The latter observation 
clearly suggests that the austenite was able to go back to its original unstressed state. 
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Figure VII-2: Austenite lattice parameter determined by the Nelson-Riley method: (a) as hot rolled 
and aged, (b) hot rolled, liquid nitrogen quenched and aged, (c) hot rolled, strained and aged. 

(d) Variation of the austenite lattice parameter. 

The change of the lattice parameter in the deformed austenite was very different. 

Deformation lead to an increase of aγ, which implies that the parent phase was in tension. 

Annealing at 170 °C caused a large decrease of aγ. Hence, the original small tension was 
replaced by a pronounced compression of the retained austenite. After annealing at a 
temperature of 300 °C the austenite lattice parameter reverted to a value close to its original 
unstressed value. 

VII.3.2 Athermal martensite 

The liquid nitrogen quenched sample contained approximately 30 vol% of athermal 
martensite with a large tetragonality (c/a = 1.06). Lenticular-shaped martensite needles, with 
a characteristic mid-rib and typical "feather"-like morphology, were clearly visible in the 
microstructure as shown in Figure VII-3. This well-known martensite morphology is 
characteristic for medium and high C Fe-C martensites. Note that no evidence for twinning of 
the martensite was observed, but this may be due to the limited resolution. Figure VII-3 
shows athermal martensite needles in the parent austenite phase with midribs in the <110> 
directions. The projected angles between the martensite needles is close to 45°, for 

micrographs of austenite grains with the <001>γ parallel to the sample normal. 
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Figure VII-3: Athermal martensite microstructure arrangement in a γ grain oriented approximately 

with <001>γ parallel with the sample normal. The midribs are oriented parallel to <110>γ directions. 
Note that the indicated angles are projected angles. 

As mentioned previously, the hot rolled austenite microstructure contained a few martensite 
plates, although some of the available formulas for the MS temperature gave an MS

temperature as low as –195 °C for the composition of the austenite phase. This observation 
underlines the fact that contrary to what is widely agreed, the MS temperature of high C 
austenite in low alloy steels has not yet been accurately determined, as most formulas for the 
MS temperature were determined using data for the formation of lower C content lath-type 
martensite. 

The occasional martensite plates in the austenite grains were used to characterize the 
crystallographic characteristics of the athermal martensite31. Electron backscattering 

diffraction (EBSD) was used to find the α’/γ orientation relations. Figure VII-4 shows the 
image quality (IQ) map from the crystallographic orientation mapping of the austenite with a 
few martensite plates. The IQ quantifies the pseudo-Kikuchi diffraction line contrast in the 
EBSD patterns. The EBSD analysis shown in Figure VII-5 revealed the orientations of two 
crystallographic variants of the athermal martensite formed in a single austenite grain. In 
some areas of the austenite phase no clear EBSD pattern was obtained. These areas appear 
white in the orientation images colour-coded to the inverse pole figure. These areas are 
indicative of plastic deformation of the austenite due to the transformation. The observations 

are consistent with the following orientation relations: (111)γ nearly parallel to (011)α’ and 

[111]γ nearly parallel to [011]α’. The Kurdjumov-Sachs (KS) and Nishiyama-Wassermann 
(NW) orientation relations both describe the observed orientation relationship with small 
deviations between the predicted and the measured positions of directions and planes. 
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The fact that some austenite regions have a white contrast is due to local plastic deformation. 
A high density of dislocations makes the observation of clear Kikuchi patterns in these 
regions impossible. The presence of dislocations in the parent austenite phase should also 
result in a clear neutron diffraction peak broadening, due to the reduction in the size of the 
domains diffracting coherently. In addition a peak shift should also be observed. This shift is 
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due to the presence of a residual elastic compressive stress, exerted by the martensite on the 
austenite phase as a result of their specific volume difference. Both peak broadening and 
peak shift have been observed in neutron diffraction (cf. VII.4). 

Application of the PTMC (phenomenological theory of martensite crystallography) allows 
the calculation of the total lattice transformation strain, the shape deformation and the habit 

plane. Based on these calculations, the habit plane was expected to be of the (3 15 10)γ type. 

The habit plane reported in the literature for high C plate martensite is of the (2 5 9)γ type. 
The experimental determination of the mean centreline of the martensite plates showed that 

possible habit planes were (3 15 10)γ, (1 1 1)γ or (1 2 1)γ. 

An overview of the change in the appearance of the athermal martensite during annealing is 
given in Figure VII-6. It is clear that in the first stage 170 °C anneal, the midrib contrast was 
enhanced and that in the second stage of annealing at 300 °C the entire martensite had 
considerably darkened. No darkening of the contrast of the austenite was observed, which 
implies that below 300 °C precipitation is confined entirely to the martensite phase. 
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Figure VII-6: Athermal martensite with and without annealing: (a) quenched, (b) aged at 170 °C for 
20 minutes and (c) aged at 300 °C for 20 minutes. 

Fitting of the martensite doublet peaks with pseudo-Voigt functions made it possible to 
determine the tetragonality of the martensite phase. In the diffraction pattern of the as-
processed austenite, the presence of a small volume fraction of athermal martensite gave a 
doublet corresponding to a c/a ratio of 1.074. This corresponds to the C content of the parent 
austenite phase as can be seen in Figure VII-1. In the nitrogen quenched sample a 

pronounced doubling of the (002)α’ peak was observed (Figure VII-7a). The c/a ratios 
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corresponding to both (002)α’ peaks were 1.069 and 1.059. Two peak components, 

corresponding to different c/a ratios, were also found for the (112)α’ peak, although they were 
smaller and less well separated. 
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peak indicate the presence of martensite phases with two distinct c/a ratios. (b) Overview of the 
martensite c/a ratio as a function of the thermal treatment for the athermal martensite. 

The present observations may be related to similar X-ray diffraction observations reported by 
Lysak et al.22 for high C Fe-Mn-C single crystals quenched to –160 °C. They reported the 

formation of a κ’ phase which transformed to the tetragonal α’ martensite and a cubic κ
phase on heating the quenched steel. The reported difference in the c/a ratio of the κ’ phase 

and the tetragonal α’ martensite, Δ(c/a), is about 0.01. This is in good agreement with the 

present observations. Lysak et al.22 have indicated that both the κ’ phase and the α’ 
martensite may be readily formed at room temperature in low and unalloyed steels. The 

doubling of the (002)α’ and (112)α’ neutron diffraction peaks observed in the present results, 

may, therefore, be related to the presence of the κ’ phase and the α’ martensite. 

The evolution of the c/a ratios calculated from the (002)α’ and (112)α’ peaks is shown in 

Figure VII-7b. The c/a ratio goes to 1 as the carbon is removed from the α’ phase during the 
formation of carbides in the annealing process. Note that the formation of carbides is 
restricted to the martensite phase. This localized carbide precipitation was also revealed by 
the dark contrast of the martensite needles after annealing at 300 °C. 

VII.3.3 Strain-induced martensite 

The deformed sample contained approximately 8 vol% of stress-induced martensite. Slip 
lines suggestive of planar slip were visible in most austenite grains. Figure VII-8 shows the 
athermal martensite needles present in the parent austenite phase after the deformation. Most 
martensite needles are curved, the larger ones are usually broken after the compression of the 
material. This observation implies that the athermal martensite formed from the retained 
austenite in dispersed phase TRIP steels does not act as a nucleation place for new 
strain-induced martensite. In addition, its poor formability may result in a low toughness if it 
were present in TRIP steel. 
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Figure VII-8: (a) Deformation induced martensite formed during 30 % compression, i.e., below Md

and tempered at 300 °C for 20 minutes. (b) Cracks in an athermal martensite needle after deformation 
with slip lines in the surrounding austenite grain.

An overview of the change in the appearance of the strain-induced martensite during 
annealing is given in Figure VII-9. In contrast to the annealed athermal martensite, there is no 
clear change in the contrast associated with the 170 and 300 °C anneal. This implies a much 
more distributed precipitation of very small carbides. 
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Figure VII-9: Strain-induced martensite with and without annealing: (a) quenched, (b) aged at 170 °C 
for 20 minutes and (c) aged at 300 °C for 20 minutes. 

In the neutron diffraction pattern of the as-processed austenite, the presence of a small 
volume fraction of athermal martensite, gave a low intensity doublet, corresponding to the C 

content of the parent austenite phase. In the deformed sample no doubling of the (002)α’ and 
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(112)α’ peaks was observed (Figure VII-10a). The sample annealed at 170 °C had a c/a ratio 
corresponding to 1.03, which corresponds with a C content of 0.7 % for the parent austenite 

phase. A strong increase in the intensity of a single (200)α’ martensite peak was observed for 
the deformed sample annealed at 300 °C for 20 minutes. 
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Figure VII-10: (a) Neutron diffraction pattern enlargement for the strain-induced martensite showing 

the (200)α’ / (020) α’ martensite peak. Note the absence of a clear (002) α’ peak. The arrow on the 

(020) α’ / (200) α’ peak indicates the presence of a slight shoulder on the left hand side of the main peak 
due to the low c/a martensite phase (c/a ~ 1.03). (b) Overview of the martensite c/a ratio as a function 

of the thermal treatment. 

The evolution of the c/a ratios calculated from the (002)α’ and (112)α’ peak is shown in 
Figure VII-10b. The c/a ratio is close to 1 in the deformed sample. The annealing of the 
sample results in an increase of the c/a ratio. As the carbon is removed from this low 

tetragonality α’ phase for the formation of carbides, the c/a ratio returns to a value close to 1. 

VII.3.4 Carbides 

The difficulty of identification of Fe carbides in an austenite-martensite phase mixture is due 
to the fact that all the main carbide peaks overlap with intense bcc and fcc peaks as is shown 

in Figure VII-11. Comparison with the calculated diffractogram for cementite, η and χ
(Hägg, Fe5C2) carbide shows that only low intensity peaks allow for the clear identification 

of the η carbide. The highest intensity carbide peaks for all three carbides are situated around 

36─39° where the (111)γ and (110)α peak can be found. Those two peaks are very intense and 

are broad enough to cover the carbide peaks in this 2θ range. In the 2θ range above 45°, the 

carbide peaks are less intense. From the right-hand side figure it is clear that the 45─62° 2θ
range is the most useful to determine the nature of the carbides. The carbide peaks in the 

65─75° 2θ range are too close together and overlap with ferrite and austenite diffraction 
peaks.  
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Figure VII-11: Schematic of the theoretical carbide peaks in an austenite-ferrite matrix. Note that the 
carbide peaks with a relative intensity (I/Imax) smaller than 0.05 are not displayed. The lattice 

parameters of the austenite and ferrite phase used to calculate the theoretical diffraction peaks are 
indicated in the legend. 

Low temperature η Fe2C
12 carbides were only observed in the diffractogram of the samples 

that were annealed after transformation in liquid nitrogen. Small peaks were detected at 48.1, 
49.08, 58.01 and 59.08° after the 170 °C annealing. Peaks were also observed at 48.31, 
49.08, 57.99 and 59.01° after the 300 °C annealing (Figure VII-12). 
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Figure VII-12: (a) Neutron diffraction pattern enlargement showing the presence of small peaks due 

to the formation of the intermediate η carbide present in the liquid nitrogen quenched samples. 

(b) Enlargement of the 2θ range 46.5-50.5° where the peak positions for cementite and Hägg carbide 
are also indicated. 

With light optical microscopy (LOM), the presence of individual carbide precipitates could 

not be confirmed due to their very small size. η carbide is a low temperature transition 

carbide that is eventually replaced by θ carbide at higher ageing temperatures. Its presence 
suggests that low temperature carbides are a sink for C atoms in TRIP steels and may be an 
explanation for the high C content usually reported for the bainite phase in TRIP steels32. No 

evidence for hexagonal ε carbide33, χ Hägg carbide or θ carbide Fe3C was observed in the 
course of the present work. 
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VII.4 Discussion 

The metastable austenite room temperature lattice parameter of the hot rolled samples can be 
considered as the high C, stress free reference lattice parameter. Annealing the hot rolled 

samples did not change aγ and the LOM study showed no changes in the microstructure. 

The austenite lattice parameter decreased by 0.2 % after the liquid nitrogen quenching. The 
athermal martensite formed during quenching (0.01239 nm³/at) had a larger volume than the 
original austenite phase (0.01196 nm³/at). The relative volume change was, therefore, 1.05 
%. This implies that the retained parent austenite in the vicinity of the martensite needles was 

in compression. Athermal and stress-induced martensite is mainly generated by a aγ/12<112> 
type Kurdjumov-Sachs or Nishiyama-Wassermann primary shear. The carbon atoms are, 
thereby, transferred from the octahedral interstices in an austenite lattice to the octahedral 
interstices in the body centred tetragonal martensite lattice. Their presence prevents the 
shortening of the c axis leading to large positive c/a ratios. After annealing and formation of 

η carbide, the c/a ratio of the martensite decreases and the compression of the austenite phase 

is reduced leading to larger aγ. As more, low temperature carbides are formed during 

annealing, the η carbide peak intensities are more intense after the higher annealing 

temperature. In addition, the elastic strain of the parent austenite phase surrounding the α’ 
martensite is further reduced. 

In contrast to the athermal martensite formation, the deformation of austenite and the 

formation of strain-induced martensite result in a slight increase of aγ. Annealing at 170 °C 

leads to a strong decrease of aγ. Annealing at 300 °C causes an increase of aγ. These changes 

in aγ can be explained by the specifics of the formation and ageing of strain-induced 
martensite and are not due to processes in the austenite phase itself. 

Strain-induced martensite nuclei originate where slipped regions intersect. Venables34, 
Lagneborg19 and Magnanon and Thomas20 found that bcc martensite can be nucleated from 

fcc austenite by the intersection of two hcp ε plates or by the intersection of an ε plate with a 

twin. Olson and Cohen35 demonstrated that the intersections of stacking faults, twins and ε
martensites define a lath- or rod-shaped volume that has been doubly sheared as nucleation 

sites for strain-induced α’. With the aid of the Bogers-Burgers model36, 37 they proposed a 

model for the formation of α’ martensite by the intersection of arrays of partial dislocations 
in the fcc structure. The Burgers vector of this strain-induced martensite transformation is of 

the aγ/6<112> type. Fujita21 has shown that in this case carbon atoms in the octahedral 
austenite interstices will spread over both the octahedral and tetrahedral interstices in the 
martensite lattice. This is illustrated schematically in Figure VII-13. The volume expansion 
and the c/a ratio are both smaller than in the case of athermal martensite. Annealing at 170 
°C is sufficient to make the carbon atoms mobile enough to jump from tetrahedral to the 
more favourable octahedral interstices. This results in a limited increase in the c/a ratio, as 
the redistribution of the carbon and the formation of low temperature carbides occur 
simultaneously. Annealing at higher temperature, i.e., 300 °C, leads to the decomposition of 
the martensite and as a consequence the c/a ratio decreases. This was also reported by 

Fujita21. The low temperature martensite κ’ phase identified by Lysak and Vovk22, which has 
a low axial ratio due to the 1:1 octahedral and tetrahedral interstitial carbon occupancy, is 
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formed by the half dislocation-like shear of every two planes. At relatively low annealing 
temperatures the unstable tetrahedral interstitial carbon atoms jump to the octahedral 
interstices, producing the martensite with the pronounced c/a ratio corresponding to the 
normal octahedral position for all carbon atoms. 
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Figure VII-13: Schematic of the difference between athermal and strain-induced martensite 

formation: (a) [ 11 0]γ view of the austenite, (b) [010]α view for the case of athermal martensite 

formation generated by a shear of a/12<112>γ on every {111}γ plane, (c) [010]α view for the case of 

strain-induced martensite formed after a shear of a/6<112>γ on every {111}γ plane. In the latter case 
the half of the interstitial C in octahedral positions is transferred to tetrahedral interstitial sites 

in the α’ lattice. 

The carbon content of the austenite phase can be calculated starting from the austenite lattice 

parameter. Onink et al.27 proposed a formula for aγ, which includes both the carbon content 
and the temperature. The hot rolled material contained approximately 1.65 wt% carbon. 
Formulas relating the carbon content to the lattice parameters may not be used in the present 
case except for the hot rolled samples, as the lattice parameter decreases as a result of 
compressive strains rather than a decrease of the austenite carbon content. 
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As already mentioned, the diffraction peaks were fitted with pseudo-Voigt functions and the 
peak breadths were measured as the full-width-at-half-the-maximum-peak intensity 
(FWHM). In Figure VII-14 two graphs are given showing the FWHM of the different 
reflecting planes. There was an increase in the width of all the peaks for the liquid nitrogen 
quenched sample. After annealing the width of the peaks decreased but is still higher than for 
the hot rolled reference sample. The observed increase of the peak widths can be attributed to 
the plastic microstrain caused by the volume misfit between the martensite needles and the 
austenite matrix. After the transformation, the martensite islands within the austenite grains 
are still subjected to an internal hydrostatic pressure. The austenite close to the martensite 
can flow plastically, although this could not be observed in LOM. These compressive stresses 
decrease in the austenite further away from the martensite needles. The stress field of the 
martensite is limited to a distance approximately equal to the radius of the martensite island 
according to the Eshelby theory. Because the deformation in the austenite is inhomogeneous 

the value of aγ will also vary continuously in the vicinity of the martensite needles. This will 
result in a broadening of the austenite diffraction peaks. The evolution in the FWHM for the 
deformed samples is almost the same as described for the liquid nitrogen quenched samples. 

A slight sharpening of the (111)γ peak is observed in the deformed sample without annealing 
although cold work is known to lead to peak broadening. This implies that very few defects 

are actually present on the (111)γ planes and larger regions of defect-free (111)γ planes are 
created by deformation. 
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Figure VII-14: Variation of the FWHM value for the different reflecting planes: (a) Liquid nitrogen 
quenched material, (b) deformed material. 

Deformation of low stacking fault energy materials results in a high density of stacking 
faults. These stacking faults influence the position and the width of the diffraction peaks. It is 
possible to determine the fraction of slip planes on which a stacking fault appears from the 
measurement of specific angular peak shifts using a method developed by Warren38. He 

showed that as a result of deformation faulting of the fcc γ phase, the (111)γ reflection shifts 

toward larger 2θ values, while the (200)γ peak moves toward smaller values of 2θ. This is 

observed for the strained γ phase as shown Figure VII-15. The peak displacement due to 
faulting is very small, usually some hundredths of a degree, and since there can be other 
sources of displacement due to e.g. sample positioning or minor changes in the unit cell 
dimensions, one measures the relative angular displacement for a pair of reflections. In the 

present case, (111)γ and (200)γ, which have opposite displacements and shift towards each 

other as a result of faulting, were used to determine Δ(2θ200-2θ111). This peak separation 
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change is related to α, the deformation fault probability, which has the following physical 

meaning: 1/α is the frequency of occurrence of a stacking fault on (111)γ planes38: 
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π
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The measured change in peak separation as a result of straining was 0.064° (Table VII-1). 

This implies a stacking fault on an average once every 160 (111)γ layers. This result can be 
compared with the results obtained by e.g. Otte39 on austenitic stainless steels by X-ray 

diffraction for which Δ(2θ200-2θ111) decreased by 0.04° as a result of a 22.9 % compression. 
This corresponds well with the value of 0.064° obtained in the present work and underlines 
the fact that the high C retained austenite is a low stacking fault energy phase.  
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Figure VII-15: Peak positions for the different reflecting planes: (a) liquid nitrogen quenched 

material, (b) deformed material (different scale on the y-axis for the (111)γ reflection). 

Table VII-1: Peak shifts of the deformed austenite phase. 

peak Hot rolled, 
2θθθθ

Deformed, 2θθθθ Δ(Δ(Δ(Δ(2θθθθ200-2θθθθ111) LN2 Δ(Δ(Δ(Δ(2θθθθ200-2θθθθ111) 

(111)γγγγ
36.788° 36.797° 36.93° 

(200)γγγγ 42.767° 42.712° 
0.064° 

42.829° 
0.008° 

VII.5 Conclusions 

� The lattice parameter of the high carbon metastable austenite phase was 0.36321 nm.

� Quenching in liquid nitrogen resulted in the formation of 30 vol% martensite. The lattice 
parameter of the austenite phase decreased significantly due to the compressive stress as a 
result from the austenite to martensite transformation which is accompanied by a volume 
change.

� Annealing the athermal martensite leads to the decomposition of martensite and the 

formation of η carbides. As a consequence, after annealing the austenite lattice parameter 
increases again to its original value.
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� Compressive deformation led to the formation of strain-induced martensite with a low c/a 
ratio. The carbon atoms are distributed over the octahedral and tetrahedral interstices in the 
strain-induced martensite lattice. Annealing at 170 °C is sufficient to make carbon atoms in 
tetrahedral interstices move to the octahedral interstices. Annealing at higher temperature, 
leads to the decomposition of the martensite.

� Measurements of the (200)γ and (111)γ diffraction peak shifts in the deformed material 
are indicative of the fact that the high C retained austenite has a low stacking fault energy.
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VIII Chapter VIII: Neutron diffraction analysis of martensite ageing 

CHAPTER VIII 

Neutron Diffraction Analysis of Martensite Ageing 

VIII.1 Introduction 

In Chapter VII, a neutron diffraction study of the metastable austenite, strain-induced 
martensite and athermal martensite was made. Those materials were studied before and after 
ageing at 170 and 300 °C. Special attention was given to the evolution in the lattice 
parameters and the tetragonality of the martensite. The identification of the unknown peak in 
Figure VII-1 was not possible from the 170 and 300 °C aged samples. It was clear that during 
the ageing low temperature carbides are formed. 

In this chapter, a more detailed study on the ageing of athermal martensite will be given, 
especially at a temperature of 400 °C corresponding to the austempering temperature. The 
formation and transformation of carbides will be followed during the ageing process.  

VIII.2 Experimental Procedure 

For this study, the high carbon austenitic material 1.87 m% C, 1.53 m% Mn and 1.57 m% Si 
will be used. Equilibrium phase diagram calculations, using Thermo-Calc software, showed 
that for this composition a homogeneous, single phased, austenite could be expected in the 
temperature region ranging from 1050 to 1175 °C. The as-cast material was reheated to 
1140 °C for 30 min and hot rolled from initially 25 mm to a final thickness of 16 mm in two 

passes. Because of the narrow range of the γ phase region, the material was reheated to 
1140 °C for a few minutes after the first rolling pass, to ensure that the rolling was 
completely performed in the austenitic region. After the second rolling pass, the material was 
water quenched to room temperature in order to obtain a metastable high carbon austenite 
microstructure. 

Cylindrical specimens, with a length of 38.1 mm and a diameter of 12.7 mm, were taken 
from the hot rolled material. These samples were quenched in liquid nitrogen, just before the 
neutron diffraction experiment was started, in order to obtain fresh athermal martensite. The 
obtained samples were analyzed by neutron diffraction during an in-situ heat treatment. Five 
different heat treatments were carried out: 

� Isothermal ageing at 170 °C up to 28 hours 
� Isothermal ageing at 400 °C up to 12 hours 
� Heating with a constant heating rate of 5 °C/min to 400 °C 
� Heating with a constant heating rate of 10 °C/min to 400 °C 
� Heating with a constant heating rate of 30 °C/min to 400 °C 



Neutron diffraction analysis of martensite ageing 

152 

After the ageing treatment, the samples were air cooled to room temperature. The neutron 
diffraction experiments were conducted at the NRU reactor at the Chalk River Laboratories, 
Canada (cf. II.3.3). 

VIII.3 Results 

VIII.3.1 Ageing at 170 and 400 °C 

In the previous chapter and in published data1 it was shown that carbides formed during 
ageing at temperatures above 300 °C. The kinetics of the carbide formation was studied by 
recording the neutron diffractogram during the ageing treatment. The samples were heated at 
a heating rate of 30 °C/min to 170 °C and kept isothermally for 28 hours. The disappearance 

of the (002)α’ peak in Figure VIII-1 indicates that the tetragonality of the martensite phase, 
c/a, with c and a the lattice parameters of martensite, decreases immediately during the 
heating of the sample as is shown in Figure VIII-1. From this diffractogram it was deduced 
that at room temperature the c/a ratio is 1.067, which corresponds to a carbon content of 1.5 
m% according to the following formulas2 : 

c (nm) = 0.2867 + 0.0116 m%C (VIII.1) 

a (nm) = 0.2867 + 0.0013 m%C (VIII.2) 
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Figure VIII-1: Martensite (002)α’ and (200)α’ / (020)α’ diffraction peaks of the sample aged at 170 °C 
up to 28 hours. 

The austenite is not influenced by the heat treatment as can be seen in Figure VIII-2. The 
relative height of the austenite peaks remains nearly constant around 0.9. The decrease of the 
peak intensity during the heating from room temperature to 170 °C can be attributed to the 

Debye-Waller parameter. The austenite peak shifts to lower 2θ values, resulting in a larger 

lattice parameter aγ, due to the thermal expansion of the austenite phase as indicated in 
Figure VIII-2. It is clear from Figure VIII-1 that during the ageing at low temperature, the 

martensite transforms immediately to cubic martensite (disappearance of the (002)α’ peak) 

and no bainite is formed during the ageing (no increase in (200)α peak intensity). An 
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indication for the formation of η carbides could be found in the 2θ = 48-50° range as was 
also found by Waterschoot et al.3. 
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Figure VIII-2: Austenite (220)γ diffraction peak height and lattice parameter of the sample aged at 
170 °C up to 28 hours. 

Samples were also heated with a heating rate of 30 °C/min to 400 °C and kept isothermally at 
this temperature for 12 hours. As in the previous case, the tetragonality of the martensite 
phase decreases immediately. During the ageing, the austenite peak intensity decreases 
slowly and after 83 minutes (=4980 s) the austenite peaks have disappeared (Figure VIII-3 
and Figure VIII-4). On the other hand, it was found that the ferrite peak intensity increases as 
the ageing is in progress. This suggests that the decomposition of austenite to bainite took 
place. This was not possible at a temperature of 170 °C. A direct confirmation was found by 
means of SEM analysis (see discussion). 
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Figure VIII-3: Austenite (220)γ diffraction 
peaks of the sample aged at 400 °C  

up to 12 hours. 

Figure VIII-4: Austenite (220)γ peak intensity 
of the sample aged at  

400 °C up to 12 hours. 

From Figure VIII-3 it is clear that the austenite peak intensity decreased and that the austenite 

peaks shifted to higher 2θ-positions during the isothermal ageing process at 400 °C. A 
pseudo-Voigt function was used to fit and determine the peak position of the different 
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reflections. Several non-overlapping austenite diffraction peaks were taken into account to 
determine the austenite lattice parameter. The austenite lattice parameter was calculated 

using the Nelson−Riley method4. The Nelson−Riley function resulted in a straight-line 

extrapolation for aγ over a wide range of diffraction angles. In addition the austenite carbon 
content was calculated using a formula proposed by Nishiyama5: 

aγ (nm) = 0.35467 + 0.00467 %C (VIII.3) 

As the ageing time increases, the different austenite peaks shift to higher 2θ values resulting 
in a decrease of the austenite lattice parameter of 0.0013 nm (Figure VIII-5). This decrease is 
due to a lowering of the carbon content with 0.28 m% in the (decreasing and) remaining 
austenite fraction (Figure VIII-6). The deviant slope of the curves for 68 min and 83 min in 
Figure VIII-5 is believed to be mainly due to the less accurate determination of the low 
intensity peak positions obtained after extended ageing times. 
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Figure VIII-5: Austenite lattice parameter of the sample aged at 400 °C up to 12 hours determined by 
the Nelson-Riley method. 
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Figure VIII-6: Austenite carbon content of the sample aged at 400 °C up to 12 hours. 

A formation of η carbides was expected to occur during the ageing at 400 °C. This can be 

seen clearly in Figure VIII-7 where a peak can be found at 2θ = 48.59°. The theoretical peak 

positions of the η carbide peaks are indicated as well. It should be mentioned that the 
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intensity of the (121)η peak is the double of the (220)η peak in the theoretical diffractogram. 

The η carbides transformed to Hägg carbides (χ) after longer holding times at 400 °C. Figure 

VIII-8a shows that the carbide peak at 2θ = 48.59° was replaced by two other particular 
peaks at 46.25° and 49.39° after more than five hours ageing. A slight increase in the peak 
intensity could be recognized after 10 hours at 400 °C (Figure VIII-8b). The theoretical 

intensity of the (222)χ is the double of the intensity of the (022)χ peak. This was also 

confirmed by the neutron diffraction data. More evidence for the determination of χ carbides 

could be found in the 57-60° 2θ range where two peaks are visible after 10 hours ageing with 

almost the same intensity as the ones in the 48-50° 2θ range. 
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Figure VIII-7: η carbide peak measured at the start of the 400 °C ageing. 
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Figure VIII-8: Hägg carbide peaks after (a) 5h 31min and (b) 10h 17min holding time at 400 °C. 

VIII.3.2 Continuous heating experiments 

The liquid nitrogen quenched metastable austenite was heated to 400 °C with constant 
heating rates of 5, 10 and 30 °C/min. As the temperature increased from room temperature to 

400 °C, the austenite lattice parameter increased from ∼0.3633 to ∼0.3665 nm, which is an 
increase of 0.0032 nm (Figure VIII-9). This is equal to a thermal expansion of 8.10-6 nm/°C. 
A good correspondence with the available literature data6, 7, 8, 9, 10, 11 was found. It is 
important to remark that the literature data were measured in the high temperature region (> 
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900 °C). By consequence, the literature data curves in the lower temperature region are an 
extrapolation. 

0 200 400 600 800 1000 1200 1400
0.356

0.358

0.360

0.362

0.364

0.366

0.368

0.370
fitting data

Onink (1.6 wt% C)

 5°C/min
 10°C/min
 30°C/min

 Gorton
 Kohlhaas
 Goldschmidt
 Basinskia γ, 

nm

Temperature, °C

Figure VIII-9: Austenite lattice parameter aγ changes observed during continuous heating 
experiments. 

During the heating of the samples, the martensite phase decomposes into ferrite and carbides. 
The changes in the martensite peaks are visible in Figure VIII-10. As the temperature 

increases, the (112)α’ peak intensity reduces while the (211)α’/(121)α’ peak intensity increases 

and the peak shifts to smaller 2θ values in the temperature region of 202 °C to 400 °C. This 

shift over 0.3° (Δaγ = 0.0010 nm) corresponds to the thermal expansion of the ferrite phase as 
can be calculated with the formula of Onink et al.7. The tetragonality of the martensite phase 
was equal to c/a = 1 when the temperature reached 202 °C for the three different heating 
rates. 
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Figure VIII-10: Martensite (112)α’ and (211)α’ / (121)α’ peaks measured during the heating of the 
sample with a heating rate of 10 °C/min. 

As the martensite phase decomposes, it was expected that carbide precipitates are formed. 
Those carbides were recognized by the presence of low intensity diffraction peaks in the 
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47-50° 2θ range (Figure VIII-11). η-carbide diffraction peaks appear at a temperature of 

254 °C. Only the high intensity peaks in the 47-50° 2θ range were clearly visible in the 

diffractogram. The intensity of the η-carbide diffraction peaks increased during heating to 
400 °C. 
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Figure VIII-11: η� carbide peak for the sample heated with a heating rate of 5 °C/min. 

VIII.4 Discussion 

Light optical microscopy (LOM), scanning electron microscopy (SEM) and transmission 
electron microscopy (TEM) were carried out on the aged samples. Figure VIII-12 shows the 
difference between the metastable austenite phase that was aged at 170 °C and the one aged 
at 400 °C, which is in the bainite transformation temperature region. The prior austenite 
grains can be recognized in the aged structure. The athermal martensite needles remained 
dark after ageing. Bainite was formed between the martensite needles during the ageing at 
400 °C. Secondary Electron Microscopy (SEM) pictures show very clearly the bainite phase 
(Figure VIII-13). In the BackScattered Electron (BSE) image the contrast between the 
austenite and martensite, decreases as the ageing temperature increases due to a diffusion 
process of the carbon. The carbon content of the martensite phase decreases during ageing 
and finally the martensite phase decomposes resulting in a weaker contrast on the BSE 
image. This is in agreement with the neutron diffraction data where a decrease of the c/a ratio 
and an increase of the intensity of the bcc diffraction peaks could be found. 
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Figure VIII-12: LOM of the aged martensite phase: (a) 170 °C for 28 hours and 
 (b) 400 °C for 12 hours. 
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Figure VIII-13: Scanning Electron Microscopy images of the samples aged at 170 °C for 28 hours 
and 400 °C for 12 hours. 

The investigation of samples aged with different heating rates showed that the material only 
displays a bainitic transformation when the heating rate is slow enough (Figure VIII-14). A 
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heating rate of 5 °C/min allows the metastable austenite to transform to bainite. At higher 
heating rates, especially 30 °C/min, however, a part of the metastable austenite phase remains 
intact as can be seen on Figure VIII-14. 
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Figure VIII-14: Scanning Electron Microscopy images of the samples heated with a constant heating 
rate up to 400 °C. 

TEM analysis was done on thin foil material to understand the transformations in the high C 
material that transformed during an isothermal ageing for 12 hours at 400°C. Figure VIII-15a 
is a bright field image, which shows a set of parallel fringes in the central part. Those fringes 
result in a streaky pattern in the Selected Area Diffraction Pattern (SADP) of Figure 
VIII-15b. The observed fringes are almost parallel to {112} planes and are usually attributed 
to stacking faults, especially twin faults12. Analysis of this diffraction pattern leads to the 
conclusion that the selected zone is a combination of two bcc phases. First, a bcc ferrite 

diffraction pattern with the electron beam parallel with the [001]α� zone axis is visible. This 
ferrite fraction had a lattice parameter of 0.289880 nm. From the neutron diffraction peak 
fitting a lattice parameter of 0.287651 nm could be found. These values are in good 
correspondence. A second bcc diffraction pattern could be recognized with the electron beam 

parallel to the [ 111 ]α direction. This phase corresponds to the tempered martensite phase. 
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Figure VIII-15: (a) Bright field TEM image; (b) SAD pattern of figure (a). 

Diffraction patterns of carbides could also be indexed. Large “muddled” areas are found 
frequently in the examined foil. An example is given in Figure VIII-16 where some zones 
with Moiré fringe contrast are indicated with arrows. The high intensity spots originate from 
a bcc structure with the beam parallel with the [111] zone axis (Figure VIII-16c). The smaller 

spots between the α spots are carbide reflections as becomes clear when compared to the 
theoretically calculated diffraction patterns. It is usually reported that the final products of 

martensite tempering are cementite θ-Fe3C and bcc iron. However, there are also several 

studies13 that report the formation of the monoclinic carbide Hägg χ-Fe5C2. Previous X-ray, 
electron diffraction and electron microscopic studies have failed to reach a definite 

conclusion on this matter14, 15, 16, because the diffraction patterns of θ-Fe3C and χ-Fe5C2 are 
very similar and the precipitated carbide particles very small. The neutron diffraction 
technique used in this work gave a better indication of the nature of the carbides. A summary 
of the analysis of the diffraction pattern of Figure VIII-16b is given in Table VIII-1. This is in 
good agreement with the results reported by C.-B. Ma et al.17. Therefore, it is concluded that 

the carbides found in the tempered material are mainly χ-Fe5C2. It can however not be 
excluded that cementite is formed; a transition from Hägg to cementite remains possible at a 
temperature of 400 °C.  
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Figure VIII-16: (a) Bright field TEM image; (b) SAD pattern of figure (a); (c) identification of 
diffraction spots. The small zones with a characteristic Moiré pattern are carbides. 
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Table VIII-1: Indexing of diffraction patterns shown in Figure VIII-16b. 

Measured Best χχχχ-carbide fitting: (2 2 1) zone axis

Spot number 
or angle

d-spacing (nm) 
or angle (°)

(hkl) or angle Calculated d-spacing 
(nm) or angle (°)

Error (%)

1 4.20 (110) 4.25 1.19 

2 2.01 (21 2 ) 2.14 6.47 

3 2.48 (10 2 ) 2.52 1.61 

∠1-2 58.5 ∠(110) (21 2 ) 57.99 0.87 

∠2-3 90 ∠(21 2 ) (10 2 ) 88.20 2.00 

Measured Best θθθθ-carbide fitting: ( 1 13) zone axis

Spot number 
or angle

d-spacing (nm) 
or angle (°)

(hkl) or angle Calculated d-spacing 
(nm) or angle (°)

Error (%)

1 4.20 (110) 4.06 3.33 

2 2.01 (03 1 ) 2.01 0.00 

3 2.48 (1 2 1) 2.39 3.63 

∠1-2 58.5 ∠(110) (03 1 ) 57.35 1.97 

∠2-3 90 ∠(03 1 ) (1 2 1) 92.99 3.32 

Additional dilatometry and differential scanning calorimetry (DSC) measurements were 
carried out to study the carbide and bainite formation in the liquid nitrogen quenched 
material. The dilatation curves as function of the temperature for three heating rates are 
shown in Figure VIII-17. The start and end of both the carbide and the bainite formation shift 
to higher temperatures as the heating rate increases. The change of the slope of the dilatation 

curve in the temperature region 100 to 220 °C can be assigned to the formation of η
carbides18 as was discussed in section VII.1. The formation of χ carbides starts around 200 
°C but this is not visible as a separate deviation of the slope in Figure VIII-17.  
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Figure VIII-17: Dilatation of the liquid nitrogen quenched sample as function of the temperature for 
three heating rates. 

The formation of carbides could also be clearly detected via DSC experiments carried out 
with a heating rate of 10 and 30 °C/min. Two distinct peaks were observed as can be seen in 
Figure VIII-18. Both peaks correspond to an exothermal reaction with a reaction heat around 

1 J/g. The first peak is related to the formation of η carbides, while the second peak is related 

to the formation of χ carbides17. As the two peaks overlap slightly, the end of the first peak 
and the start of the second peak cannot be determined precisely. An overview of the start and 
end temperatures of the carbide formation is given in Table VIII-2. The measured 
temperatures are always slightly higher for the DSC measurement and the difference 
increases as the heating rate increases, as expected.  

The bainite formation could also be clearly observed in both the dilatometry measurements 
(Figure VIII-17) and the DSC measurements (Figure VIII-19). As the heating rate increases 
the start and end temperature of the bainite transformation shift to higher temperatures 
because the material is much further away from equilibrium. An overview of the start and 
end temperatures of the bainite transformation is given in Table VIII-3. 

It is remarkable that the bainite transformation seen in Figure VIII-17 is associated with a 
decrease in length. It is known that an austenite to ferrite transformation in pure Fe leads to 
an increase of the volume. There are several indications confirming this transformation to be 
a bainite transformation however. The linear thermal expansion before the bainite 
transformation is clearly larger than after the transformation. Austenite has a higher thermal 
expansion than ferrite. Hence, the transformation should be austenite to ferrite. The DSC 
graphs show that the reaction is an exothermic reaction which is the case for a bainitic 
transformation, while a ferrite to austenite formation is endothermic. A third indication for a 
bainite transformation is the irreversibility of the transformation as is shown in Figure 
VIII-20 where the cooling curve of the dilatometry measurement is shown. A reason for the 
unexpected decrease in volume during the bainite transformation is very likely due to the 
formation of a large amount of carbides resulting from the 1.87 % carbon content in the steel. 
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(a)

(b)
Figure VIII-18: Differential scanning calorimetry measurements showing two carbide formation 

peaks: (a) 10 °C/min, (b) 30 °C/min. 

Table VIII-2: Overview of the start and end temperatures of the carbide formation as determined by 
dilatometry and DSC measurements. 

Dilatometry DSC Carbide 

formation 5 °C/min 10 °C/min 30 °C/min 5 °C/min 10 °C/min 30 °C/min

Start 80 °C 100 °C 85 °C - 116 °C 131 °C 

End 225 °C 240 °C 240 °C - 251 °C 275 °C 
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(a)

(b)

(c)
Figure VIII-19: Differential scanning calorimetry measurements showing the bainite peak: 

(a) 5 °C/min, (b) 10 °C/min, (c) 30 °C/min. 
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Table VIII-3: Overview of the start, peak and end temperatures of the bainite transformation as 
determined by dilatometry and DSC measurements. 

Dilatometry DSC Bainite 
transfor-
mation 5 °C/min 10 °C/min 30 °C/min 5 °C/min 10 °C/min 30 °C/min

Start 390 °C 380 °C 400 °C 432 °C 449 °C 472 °C 

Maximal 448 °C 457 °C 480 °C 454 °C 471 °C 504 °C 

End 500 °C 490 °C 520 °C 475 °C 495 °C 539 °C 
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Figure VIII-20: Dilatation of the liquid nitrogen quenched sample as function of the temperature for a 
heating rate of 30 °C/min showing the irreversibility of the transformations. 

The measured starting temperature of the bainite formation is much higher for the DSC 
measurements. This can be explained by the way these temperatures were calculated. In 
Figure VIII-19 it can be seen that the conventional start temperature is higher than the 
temperature where the actual transformation starts. The difference is about 30 °C. When the 
temperature where the transformation rate is maximal is compared, both measurements yield 
the same result (Figure VIII-19 and Figure VIII-21). The end temperature of the bainite 
formation is also found to be comparable. As the heating rate increases the starting and 
finishing temperature of the transformation increase and the reaction heat decreases from 
50 J/g for the 5 °C/min heating rate to 37 J/g for the 30 °C/min heating rate. 
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Figure VIII-21: Bainite transformation progress as function of the temperature for three heating rates. 
The temperature where the transformation rate is maximal is indicated as well. 

VIII.5 Conclusions 

The main conclusions that can be drawn from the present chapter are as follows:  

� The ageing of freshly formed athermal martensite at 400 °C leads to the formation of 
bainite while an ageing at a lower temperature of 170 °C transforms the athermal martensite 
into a cubic martensite without formation of bainite. 

� The formation of carbides could be observed during the ageing of the athermal 

martensite. First, η carbides are formed and after longer ageing times at 400 °C those η
carbides transform mainly in χ carbides. 

� The formation of χ carbides was also confirmed by TEM analysis, although it cannot be 

excluded that minor amounts of θ carbides were formed. 

� The formation of η and χ carbides could be shown by dilatometry and differential 
scanning calorimetry measurements. The temperature range where the carbide formation is 
observed is somewhat lower than for the neutron diffraction measurements. 
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CHAPTER IX 

General Conclusions 

In the present doctoral thesis, a detailed analysis of the physical metallurgy for a new type of 
cold rolled TRIP steel concept based on the CMnSiAlP alloy concept was developed. The 
addition of phosphorous resulted in higher amounts of retained austenite, which stayed stable 
for longer austempering times, compared to the non P-alloyed TRIP steel (Figure IX-1). It 
was found that Si and P had a synergetic effect. The addition of 1 m% of Si resulted in an 
increase in tensile strength which was five times larger than the values previously reported in 
the literature, namely 420 instead of 80 MPa. The influence of the austempering temperature 
was much more pronounced for the Continuous Annealing and Processing Line (CAPL) 
simulation, as the austempering times were much larger than in the Continuous Galvanizing 
Line (CGL) simulations. The n-values of the CGL samples reached a maximum at the start of 
the stress-strain curve and then gradually decreased. For the CAPL cycles a difference in 
strain-hardening behaviour was found for different austempering temperatures. Austempering 
at 375 – 400 – 425 °C resulted in a stable strain-insensitive hardening, while austempering at 
460 °C resulted in a decreasing n-value.  
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Figure IX-1: Overview of the effect of P, Si and Al on the amount of retained austenite as function of 
the austempering time. 

A minimum amount of 0.4 - 0.5 m% of Si or 0.9 m% of Al were necessary to obtain a TRIP 
steel microstructure with robust values of retained austenite, i.e. which were not much 
influenced by changes in processing temperatures and times. The retained austenite particles 
were very small in size and formed isolated islands. A significant influence of the chemical 
composition and the heat treatment on the location and the morphology of the retained 
austenite could not be detected. Aluminium is known to improve the galvanizability of the 
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TRIP material. In addition, replacing Si by Al increased the total elongation but lowered the 
tensile strength. It was shown that P-additions could result in TRIP steels with a tensile 
strength higher than 780 MPa, a yield strength between 440 and 560 MPa, a total elongation 
of at least 22 % and a strain-hardening or n-value of 0.18 for a strain range between 10 % and 
the maximum uniform strain. The addition of phosphorus makes it possible to lower the 
carbon content, thereby increasing the weldability, and lowering the Si and Al content to a 
further improvement of the coatability and a decrease of the risk of casting problems of these 
TRIP steels, respectively. 

A detailed Transmission Electron Microscopy (TEM) analyses on the CMnSiAlP TRIP steel 
was carried out. The polygonal ferrite phase has a very low dislocation density and was found 
to contain minor amounts of cementite. Those carbides are residues from the pearlite phase, 
which was not completely dissolved during the intercritical annealing. The bainitic ferrite 
laths, with a very high dislocation density, were found to contain low temperature transition 
carbides. There seems to be very little misorientation between the bainitic ferrite laths. Those 
laths cross the entire width of the original intercritical austenite grains. Two types of carbides 

were found. The cementite θ carbide is due to the undissolved pearlite phase, while the Hägg 

χ carbides appear during the ageing of the bainite. The retained austenite phase has a low 
dislocation density and has a characteristic “blocky” shape. No evidence for film-like 
retained austenite at bainite lath interfaces was found. The bainite – retained austenite phase 
boundary is often facetted. 

In addition to the TEM analysis, OIM® scans with step sizes of 0.05 to 0.20 µm were carried 
out on an ESEM with LaB6-filament on annealed samples. Different orientation relationships 
were considered during the study of the crystallographic features of the transformation of 
austenite into ferrite, bainite or martensite. In the present work, the Kurdjumov-Sachs, 

Nishiyama-Wassermann and Pitsch orientation relationship were used to study the γ-α phase 
transformation in P-TRIP steels. There was a dominance of the Kurdjumov-Sachs orientation 
relationship between the ferritic phases and the retained austenite. There were no signs of 
variant selection in the present case. 

The most important parameter controlling the mechanical properties of TRIP steels is the 
thermodynamic stability of the retained austenite. The stability of homogeneous austenite 

against strain-induced transformation can be characterized by a single parameter, the MS
σ

temperature, in much the same manner as the MS temperature, which is used to characterize 
the stability of austenite against transformation on cooling (Figure IX-2). 
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Figure IX-2: Overview of the characteristic temperatures for the martensitic transformation. 

It was shown that the Single Specimen – Temperature Variable – Tensile Test (SS-TV-TT) 

technique is a suitable method to determine the MS
σ temperature for TRIP steels. A minimum 

amount of retained austenite of 8 % in the microstructure was necessary to determine the MS
σ

temperature using the SS-TV-TT technique. Low amounts of retained austenite or small 
austenite island sizes resulted in a continuous stress-strain curve over the whole temperature 

range studied and no MS
σ temperature could be determined in this case. The MS

σ temperature 
was approximately 10 ± 5 °C for the CMnSi, CMnSiAl, CMnAl and CMnSiAlP TRIP steels. 
In addition, the low Md30 temperature of the retained austenite in CMnSiAlP type TRIP steels 
is evidence for the increased stability of this phase. 

The transformation kinetics were investigated for the CMnSiAlP type TRIP steels and 
compared with CMnSi, CMnSiAl and CMnAl TRIP steels. The transformation rate was 

shown to decrease with increasing temperature due to a decreasing driving force ΔGγ→α’. The 

CMnSiAlP TRIP steel had the lowest α values at all temperatures, which implies that the 

intrinsic stacking fault energy is lowered by P additions. The β parameter is the highest of the 

four TRIP steels; so the formation of α’ martensite nuclei is favoured. 

In order to study the retained austenite phase and the austenite – martensite transformation in 
TRIP steels the properties of a 1.8 m% C – 1.5 m% Si – 1.5 m% Mn model steel was studied. 
The material was quenched in liquid nitrogen and aged. Detailed neutron diffraction 
measurements were performed to study the aging processes including martensite tempering 
and carbide formation. 

The lattice parameter of the high carbon metastable austenite phase was 0.36321 nm. 
Quenching in liquid nitrogen resulted in the formation of 30 vol% martensite. The lattice 
parameter of the austenite phase decreased significantly due to the compressive stress as a 
result from the austenite to martensite transformation, which is accompanied by a volume 
change. Ageing the athermal martensite led to the decomposition of martensite and the 

formation of η carbides. As a consequence, after annealing, the austenite lattice parameter 
increased to its original value. Compressive deformation led to the formation of 
strain-induced martensite with a low c/a ratio. The carbon atoms are distributed over the 
octahedral and tetrahedral interstices in the strain-induced martensite lattice. Ageing at 170 
°C is sufficient to make carbon atoms in tetrahedral interstices move to the octahedral 
interstices. Ageing at higher temperature leads to the decomposition of the martensite. 
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Measurements of the (200)γ and (111)γ diffraction peak shifts in the deformed material were a 
clear indication of the fact that the high C retained austenite has a low stacking fault energy.

The ageing of freshly formed athermal martensite at 400 °C leads to the formation of bainite 
while an ageing at a lower temperature of 170 °C transforms the athermal martensite into a 
cubic martensite without formation of bainite. The formation of carbides could be observed 

during the ageing of the athermal martensite. First, η carbides are formed and after longer 

ageing times at 400 °C those η carbides transform mainly in χ carbides. A schematic 

overview of the formation of carbides is given in Figure IX-3. The formation of χ carbides 

was also confirmed by TEM analysis, although it cannot be excluded that minor amounts of θ
carbides were formed. The formation of η and χ carbides was additionally shown by 
dilatometry and differential scanning calorimetry measurements. The temperature region 
where the carbide formation is visible is somewhat lower in temperature as for the neutron 
diffraction measurements. 
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Figure IX-3: Schematic overview of the carbide formation in high C steel. 

Further research can concentrate on the austenite to bainite transformation and the retained 
austenite to martensite transformation. Especially the orientation relations between retained 
austenite and the surrounding bainite grains should be studied more in detail. In addition, an 
in depth study of the retained austenite grains and their relation to the polygonal ferrite grains 
can give more information about the mechanism of the transformation. The transformation of 
retained austenite to martensite during straining should be studied more in detail by neutron 
diffraction measurement or X-ray studies. Also the synergetic effect of P in combination with 
Si as revealed by the present research work, may provide ground for innovative steel design 
strategies in future work. 
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